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CHAPTER 1 

 

 

1. INTRODUCTION 

 

 Within the past few decades, advanced high strength steels (AHSS) have been 

incorporated into automotive vehicles to reduce their weight and improve the strength of 

structural components [1][2][3]. More stringent fuel economy standards and crash safety tests 

continue to drive the implementation and evolution of AHSS. The U.S. Environmental 

Protection Agency and the National Highway Traffic Safety Administration requires a fleet wide 

fuel economy average of 54.5 mpg by 2025, (including passenger cars and light trucks) [4]. The 

Insurance Institute for Highway Safety continues to develop more rigorous new crash safety 

tests, such as the small overlap frontal crash test implemented in 2012 [5]. The new small 

overlap frontal crash test raises challenging alloy design issues that may be resolved in part with 

new generations of AHSS [1]. In comparison to lighter-weight materials, (such as aluminum and 

magnesium alloys that reduce total vehicle weight), AHSS offer a significant improvement in 

crash safety and production cost, meaning AHSS are the favored material of choice for 

automotive lightweighting [6].  

 The design, testing and qualification of second and third generation AHSS have 

progressed rapidly and will ultimately provide critical solutions for improved crash performance 

and weight reduction of automotive vehicles in the near future. The combination of both high 

strength and high ductility is a characteristic feature in second and third generation AHSS and  

depends on microstructures that are engineered to contain austenite [7][8]. The deformation 

behavior and thus mechanical properties of austenite can be tuned through careful alloying and 

thermo-mechanical processing [9]. High-Mn and medium-Mn twinning-induced and 
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transformation-induced plasticity (TWIP/TRIP) steels have garnered significant attention 

because the tunable deformation mechanisms in the austenite provide excellent combinations of 

strength and ductility. However, there are still many aspects of the processing-structure-property 

relationships in these steels that are not well understood. More specifically, a fundamental 

understanding of the deformation mechanisms of TWIP-TRIP steels at high strain rates 

(experienced during crashes and advanced forming processes) will be beneficial for 

implementing these steels into automotive vehicles and designing future generations of AHSS 

[10]. Under crash conditions, steel components are subjected to a wide range of strain rates, most 

of which can be simulated with tensile tests in the strain rate range from ̇ = 10-2 /s to ̇ = 103 /s 

[11]. As such, the structure-property information from high strain rate tensile testing is 

potentially useful for alloy design and crystal plasticity models to predict the performance of 

sheet steel forming behavior and automotive crash response of components in the vehicle body.  

 

1.1 Research Objectives 

 

 The goal of this work is to gain an understanding of the effects of strain rate on the 

mechanical properties and deformation mechanisms in next generation steels where austenite is a 

major (second generation AHSS) and minor (third generation AHSS) microstructural constituent. 

Adiabatic heating is an inherent consequence of high strain rate deformation and could have an 

effect on the temperature-dependent austenitic stacking fault energy (SFE). As stacking fault 

energy influences which deformation mechanism dominates [12], indirectly raising the stacking 

fault energy through adiabatic heating could alter strength and ductility at high strain rates. The 

effect of strain rate ( ̇  = 10-4 /s to ̇  = 103 /s) on the strain-induced austenite-to-martensite 

transformation rate was previously studied in first generation TRIP, second generation austenitic 
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stainless and third-generation TRIP steels [13][14][15][16][17][18][19]. In first generation TRIP 

steels, there was little to no significant difference in the transformation rate of retained austenite 

for strain rates from ̇ = 10-2 /s to ̇ = 102 /s) [13][14]. In second generation austenitic stainless 

steels, a decrease in the transformation rate was noted at higher strain rates and attributed to 

adiabatic heating, which stabilized the austenite [15][16][17][18]. There was no significant 

difference in the transformation rate of third generation quenched and partitioned steels (from 

strain rates of ̇ = 10-4 /s to ̇ = 102 /s), whereas third generation medium-Mn TRIP steels did 

show evidence of reduced transformation rate of the austenite at higher strain rates [19]. The 

difference in transformation rate of third generation steels is related to the stabilizing effects of 

adiabatic heating of the tensile specimen and the level of strain at which a majority of the 

transformation takes place [19]. A study on a medium-Mn steel that contains large amounts of 

carbon (C > 0.5 wt%) and is thus fully austenitic before tensile deformation, provided evidence 

of a TRIP-to-TWIP transition with increasing strain rate. This transition was attributed to a strain 

rate dependence of the critical resolved shear stress of epsilon martensite, rather than effects of 

adiabatic heating on stacking fault energy [20]. Finally, a previous study on austenitic FeMnC 

and FeMnSiAl TWIP steels revealed contrasting behaviors. The FeMnC steel, which deformed 

in part through dynamic strain aging (DSA), showed an obvious decrease in density of twin 

boundaries at higher strain rates, while the DSA-free FeMnSiAl steel did not show any strain rate 

sensitivity of twinning density for all studied strain rates (from ̇ = 10-4 /s to ̇ = 100 /s) [21]. 

 The present study is in part a continuation of extensive work by Pierce on Fe-

22/25/28Mn-3Al-3Si steels [22]. More specifically, these non-commercial steels were developed 

to study the influences of stacking fault energy on deformation mechanisms in austenite, helped 

by the straightforward imaging procedures associated with studying coarse-grained non-
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ferromagnetic high-Mn steels. The stacking fault energies of these high-Mn steels were 

experimentally determined using weak-beam dark-field transmission electron microscopy (TEM) 

[23][24] and incorporated elastic constants measured by a novel combination of orientation 

imaging microscopy and nano-indentation [25]. The Fe-25Mn-3Al-3Si steel deforms by a 

combination of planar dislocation glide and secondary deformation mechanisms [12][26]. The 

SFE value of 21±3 mJ/m2 promotes twinning-induced plasticity as the dominant mode of 

secondary deformation with some evidence of transformation-induced plasticity in the form of 

hexagonal ε-martensite [12]. When deformed at room temperature and quasi-static strain rates, 

these secondary deformation mechanisms contribute to high strain-hardening rates as seen in 

Figure 1-1. However, the Fe-22Mn-3Al-3Si steel showed little evidence of twinning (mostly 

hexagonal ε-martensite), which translated to a higher yield and ultimate tensile strengths, a 

higher strain hardening rate before 0.25 plastic true strain and still moderate ductility, (see  

Figure 1-1). Furthermore, Pierce et al. showed the influence of Mn-content and SFE on the 

mechanical properties of high-Mn steels and that an optimal SFE between 15 and 39 mJ/m2 

produces the highest product of [ultimate tensile] strength and [total] elongation (PSE), due in 

large part to combined dislocation glide and secondary deformation, the latter producing 

obstacles to subsequent dislocation motion [12].  

 The first part of the present study expands on the work of Pierce [22] by 

investigating the influences of strain rate on the deformation mechanisms and mechanical 

properties of the Fe-25Mn-3Al-3Si TWIP-TRIP steel. The second part of the present study deals 

with designing an industrially relevant medium-Mn steel alloy, (manageable compositions that 

decrease cost, increase weldability and maintain an appropriate combination of strength and 

ductility). The medium-Mn steel contains austenite as a minor microstructural constituent, but 



 5 

another requirement of the alloy design includes producing austenite with a stacking fault energy 

similar to that of the Fe-25Mn-3Al-3Si TWIP-TRIP steel (~21 mJ/m2) within the multi-phase 

microstructure to investigate the TWIP and TRIP mechanisms in a complex microstructure.  By 

studying the non-commercial single-phase high-Mn steels with an austenite SFE of ~21 mJ/m2, 

the effects of strain rate on the deformation mechanisms and mechanical properties can be better 

understood in this industrially relevant multi-phase medium-Mn steel, where austenite is a minor 

microstructural constituent.  

 

 
Figure 1-1: a) True stress and b) strain-hardening rate vs. plastic true strain for the Fe-

22/25/28Mn-3Al-3Si steels deformed at room temperature and quasi-static strain rates. The strain 

hardening stages are labeled 1-4 at approximate locations and all curves terminate at maximum 

uniform elongation. Figure from Pierce et al. [12]. 

 

The present work focuses on: 

• Measuring the effects of strain rate (using servo-hydraulic tension and strain rates from ̇ 

= 10-4 /s to ̇ = 102 /s) on the mechanical properties of an ultra-low carbon austenitic Fe-

25Mn-3Al-3Si (wt%) TWIP-TRIP steel, including in-situ temperature measurements of 

the tensile specimens.  
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• Determining the influence of adiabatic heating on deformation mechanisms in the single-

phase high-Mn TWIP-TRIP steel after interrupted testing at high strain rates (with servo-

hydraulic tension and uniaxial ring expansion for strain rates from  ̇ = 10-4 /s to ̇ = 103 

/s) using a variety of advanced characterization techniques. 

• Designing an ultra-low carbon medium-Mn multi-phase steel with an intrinsic austenitic 

stacking fault energy similar to that of the Fe-25Mn-3Al-3Si (wt%) TWIP-TRIP steel 

(21±3 mJ/m2), including an in-depth study of the microstructural evolution during 

intercritical annealing. 

• Measuring the effects of strain rate (using servo-hydraulic tension and Kolsky-bar testing 

at strain rates from ̇ = 10-4 /s to ̇  = 102 /s) and annealing time on the mechanical 

properties of a multi-phase medium-Mn Fe-12Mn-3Al-0.05C (wt%) multi-phase steel, 

including in-situ temperature and strain measurements of the tensile specimens. 

• Determining which deformation mechanisms are activated in the multi-phase medium-

Mn steel during quasi-static and high strain rates to inform predictive models for future 

design of AHSS. 

 

1.2 Dissertation Overview 

 

 Chapter 2 contains a literature review of AHSS and identifies the differences 

between thermo-mechanical processing, microstructure and mechanical properties of all three 

generations. Deformation mechanisms in high-Mn and medium-Mn steels are discussed in detail. 

High strain-rate deformation is explained in the context of strain-rate sensitivity of steel, 

mechanical-testing recommendations, adiabatic heating of tensile specimens and complex 
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deformation behaviors of various AHSS. A perspective of the present work in regards to 

contributions to the literature is also provided. 

 The design and execution of experimental methods is presented in Chapter 3 

Experimental procedures include thermo-mechanical processing, specimen machining, 

mechanical testing, in-situ temperature measurements and data acquisition at high strain rates. 

Also, sample preparation and methods of advanced characterization techniques, such as electron 

backscatter diffraction (EBSD), electron channeling-contrast imaging (ECCI), bright- and dark-

field transmission electron microscopy, convergent-beam and selected-area electron diffraction, 

energy-dispersive spectroscopy, atom-probe tomography and X-ray diffraction are introduced. 

 The results in Chapter 4 are organized into sub-sections by mechanical testing 

method and steel alloy investigated. For the high-Mn steel, characterization results from uniaxial 

ring expansions are discussed and important conclusions are outlined regarding the presence of 

planar defects after high strain-rate deformation. Mechanical properties from servo-hydraulic 

tensile testing of the high-Mn steel are discussed in the context of in-situ measurements of 

adiabatic heating, a thermodynamic-based SFE model and post-mortem characterization of the 

planar defects in interrupted samples. Strict conclusions are drawn regarding the effects of strain 

rate on positive strain-rate sensitivities in mechanical properties and influences of adiabatic 

heating on TWIP-TRIP mechanisms. The alloy design process and main considerations in alloy 

design of a multi-phase medium-Mn steel are presented, including a detailed study of the 

compositional and morphological evolution during intercritical annealing. The effects of strain 

rate and annealing time on mechanical properties, when deformed with servo-hydraulic tension 

and Kolsky-bar testing, are presented and discussed for the medium-Mn steel. In-situ 

temperature measurements of adiabatic heating and in-situ digital image correlation 
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measurements of strain are shown for all strain rates and two heat treatment conditions. Key 

conclusions are drawn regarding the effect of annealing time and morphology of ultrafine-

grained phases on the deformation mechanisms responsible for the deformed microstructure, 

specifically in the context of individual contributions of each microstructural constituent to the 

overall strain hardening behavior. 

 In Chapter 5, a summary of the major results precedes the provided list of 

conclusions that are drawn regarding the influences of strain rate on mechanical properties and 

deformation mechanisms of high-Mn and medium-Mn TWIP-TRIP steels. Chapter 6 includes 

suggested directions for future work, such as the influence of environment temperature on 

deformation mechanisms in high-Mn steels, constitutive modeling of strain-hardening behavior 

in multi-phase medium-Mn steels and parametric studies for future AHSS design. 
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CHAPTER 2 

 

2. LITERATURE REVIEW 

 

2.1 Mechanical Properties of Advanced High Strength Steels 

 

 One of the main incentives behind AHSS research and development originates with 

the pressing need to adhere to federal standards of automotive fuel economy by reducing vehicle 

weight without sacrificing passenger safety. Material supply and production costs are also major 

driving forces. Figure 2-1 shows a map of tensile properties (total elongation and tensile 

strength) and categorizes AHSS into 3 generations based on respective products of strength and 

elongation (PSE) in units of MPa% [27]. Second generation AHSS, such as austenitic stainless 

and high-Mn steels, where both TRIP and TWIP effects are possible [28] [29][30][31], clearly 

have the largest PSE among all AHSS due to their high capacity to strain harden (refer to 

engineering stress-strain curve of TWIP steel in Figure 2-2). However, a drawback of most 

TWIP steels for automotive applications is a relatively low yield strength (also evident in Figure 

2-2). Such considerations are important for understanding AHSS design and the three 

generations will be described in more detail below. 
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Figure 2-1: Total elongation versus tensile strength map of 1st, 2nd and 3rd generation advanced 

high strength steels, categorized by respective products of strength and elongation in units of 

MPa%. Figure from Lee et. al [27]. 

 

 
Figure 2-2: Engineering stress-strain tensile curves from all generations of advanced high 

strength steels, (deformed at room temperature at quasi-static strain rates). Figure from Ronevich 

[32]. 
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 First generation AHSS is a term used to encompass categories of steels that 

manipulate orientations and compositions of ferritic () and/or martensitic (’) microstructures, 

such as: mild, interstitial-free (IF), bake-hardenable (BH), carbon-manganese (CMn), high-

strength low-alloy (HSLA), dual-phase (DP), complex-phase (CP), transformation-induced 

plasticity (TRIP), and martensitic (MART) steels [33][27]. The tradeoff in mechanical properties 

between fully martensitic and fully ferritic microstructures is typically characterized as a banana 

curve when total elongation (TE) is plotted vs. ultimate tensile strength (UTS), seen in Figure 2-

1. Furthermore, fully martensitic microstructures possess ultimate tensile strengths in the range 

of 1-2 GPa and total elongations of 10% or less, whereas fully ferritic coarse-grained 

microstructures can achieve total elongations up to ~50%, but the ultimate tensile strengths 

usually do not exceed 0.5 GPa [27], as seen in Figure 2-2.  DP steels consist of a ferrite matrix 

with varying amounts of martensite and produce high UTS values with comparable ductility and 

are being incorporated into automotive structures [3][34]. First generation TRIP steels are quite 

unique, as compared to other generations of TRIP steels, as the microstructure contains ferrite, 

bainite, retained austenite and sometimes martensite [3]. Austenite () is stabilized mostly by 

carbon in these TRIP steels and is further stabilized when carbide/cementite formation is 

suppressed by alloying additions, such as Al and Si [35]. Although first generation AHSS have 

been successful in a variety of applications, TRIP steels, (20-30% TE & 0.5-1 GPa UTS), show a 

promising direction for new automotive steels as the extra contribution to strain hardening at 

higher strain levels (from the transformation of a small volume fraction of retained austenite) 

surpasses the typical trade-off between high strength martensite and ductile ferrite [36]. 

 Second generation AHSS is the term used to describe the different types of austenitic 

() steels which possess a large PSE. Austenite is a close-packed structure of Fe and is stabilized 
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at room temperature (RT) when Fe is alloyed by more than approximately 17 wt% with -

stabilizers (Ni, Mn, Al, C) [27]. Austenitic stainless steels utilize large amounts of Ni, Cr, Nb, Ti 

& Si, plus some Mn & Mo, while high-Mn twinning-induced plasticity (TWIP) and/or high-Mn 

TRIP steels utilize large amounts of Mn, and smaller amounts of Al, Si & C. The variation in RT 

quasi-static mechanical properties of austenite is mainly due to differences in barriers to 

dislocation glide and dominating deformation mechanisms, which are influenced by alloy 

content and stacking fault energy [12]. Although second generation AHSS have superior strain-

hardening rates and large uniform elongations, a drawback for automotive applications is the 

relatively low yield strength, especially in carbon-lean alloys. Other commercial drawbacks of 

second generation AHSS for automotive applications are increased cost and decreased 

weldability, which are both related to the substantial amount of alloying required to stabilize a 

fully austenitic microstructure [27]. 

 An optimally balanced 3rd generation AHSS consists of an alloying content below 

17 wt. % and a multi-phase microstructure (′//) to respectively balance cost and appropriate 

mechanical properties. Ideal mechanical properties of a third generation AHSS include yield 

strengths greater than 0.5 GPa and ultimate tensile strengths greater than 1 GPa at levels of 

uniform elongation equal to or greater than 30 % [36][33][37][38]. The types of third generation 

steels capable of achieving these desired properties are medium-Mn TWIP/TWIP steels, 

lightweight steels and quenched & partitioned TRIP steels [1][2]. Medium-Mn steels generally 

exhibit an ′ martensitic microstructure after hot and cold rolling, but intercritical annealing in 

the + phase field produces a multi-phase microstructure with ultrafine-grained (UFG) phases 

and equilibrium volume fraction of reverted austenite that ranges between 20 and 50%. 

Mechanical properties of a third generation AHSS ideally exhibit low strain hardening rates at 
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low levels of strain and higher strain hardening rates as total strain accumulates, a behavior that 

is related to the accommodation of deformation in each phase. Studies investigating deformation 

mechanisms and mechanical properties of medium-Mn steels have reported the effects of 

intercritical annealing temperature on phase quantity/grain sizes [36][39]. Other researchers of 

medium-Mn steels and TWIP steels have observed static and dynamic strain aging effects 

(respectively termed Lüders bands and Portevin-Le Châtelier or PLC bands) which can lead to 

plastic instabilities during deformation. Such strain aging effects are influenced by 

microstructure, composition, dislocation mobility, temperature and strain rate 

[40][41][42][43][44][45][46]. Moreover, a broad range of microstructures observed in steels 

containing a medium amount of Mn and produced with a variety of thermo-mechanical 

processing steps have exhibited a wide range of mechanical properties, which depend on bulk 

composition, intercritical annealing temperature/time, cooling/heating rate, grain size, relative 

phase fraction, mechanical stability of a given phase and phase morphology [27] 

[39][47][48][49][50][51][52][53][54][55][56][57][58][59].  

 

2.2 High-Mn Twinning and Transformation-induced Plasticity Steels  

 

 High-Mn twinning-induced and transformation-induced plasticity (TWIP/TRIP) 

steels exhibit promising properties for automotive applications due to their exceptional 

combination of strength and ductility. The product of ultimate tensile strength (UTS) and total 

elongation (TE) typically ranges between 42,000 and 68,000 MPa·% [12][60][61], which is 

superior to many other AHSS grades. The superior energy absorption capability of these steels 

could also play a critical role in improving crash performance for future vehicle designs. The 

work of Frommeyer at the Max-Planck-Institut für Eisenforschung in Düsseldorf, Germany 
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[29][30][62][63] was critical for renewed interest in Hadfield and high-Mn steels. Hadfield steels 

are austenitic steels with 11-14 wt% Mn and 1-1.3 wt% C that transform to martensite under 

applied stress (therefore useful for railroad applications) and have high work hardening rates that 

usually include dynamic strain aging (serrated flow stresses) [64]. This research group studied 

the structure-property relationships of various high-Mn alloy compositions (Fe-15/20/25/30Mn-

1/2/3Al-1/2/3Si) and were able to tune microstructures that contained large amounts of austenite, 

which formed ′/ε- martensite and mechanical twins during deformation. One of the alloys 

studied in this dissertation (Fe-25Mn-3Al-3Si wt%) that Frommeyer originally designed [29] 

was selected due to the interesting combination of TWIP-TRIP mechanisms identified by Pierce 

[31] and the best room temperature elongation of the mentioned high-Mn alloys. Although Mn 

has a negligible effect on solid solution strengthening [65], the Mn atoms stabilize the Fe-based 

FCC lattice at room temperature and allow for tunable deformation mechanisms and mechanical 

properties [29][31].  

  Typically, high-Mn (15-30 wt%) TWIP and/or TRIP steels are composed of 

metastable or stable austenite and are alloyed with Al, Si, Cr, C and N 

[60][66][30][67][61][68][69][54]. The deformation mechanisms and tensile properties of TWIP 

and/or TRIP steels can exhibit a strong dependence on temperature and stacking-fault energy 

(SFE) [12][66]. Si generally reduces the SFE, while C, Mn and Al increase the SFE of austenite 

[70][71][72]. These steels deform by a combination of dislocation glide and secondary 

deformation mechanisms such as mechanical twinning and/or εhcp-martensite formation [26][12]. 

Austenitic high-Mn steels with relatively high SFE (approximately 50 mJ/m2 and greater) deform 

primarily by dislocation glide. As the SFE decreases from ~50 to ~20 mJ/m2, mechanical 

twinning becomes increasingly favorable and the steel deforms by both dislocation glide and 
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mechanical twinning. With decreasing SFE below ~20 mJ/m2, these steels typically deform by a 

combination of dislocation glide and a diffusionless martensitic phase transformation, where the 

austenite phase transforms to hexagonal ε-martensite [12][68][23][29][66][72][73][74]. The 

martensite platelets and mechanical twins act as planar obstacles, reduce the mean free path of 

non-coplanar dislocation glide and produce back stresses, resulting in a high strain-hardening 

rate, delayed necking, and large uniform elongations [75][76][60][66][30][67][61][68][77][78]. 

 The close-packed FCC slip system of {111} glide planes and <110> slip directions 

in austenite is visualized in Figure 2-3a. The dissociation of a full a/2 <110> dislocation to two 

a/6 <112> partial dislocations is schematically introduced in Figure 2-3b/c. The mechanisms by 

which mechanical twins and ε-martensite form are closely related to the glide of a/6 <112> 

partial dislocations, which successively displace atoms on {111} planes in the FCC lattice 

[79][20][80][30][81][77]. Partial dislocations both trail and lead a stacking fault on {111} glide 

planes (see Figure 2-4) and can either transform planes of the FCC lattice to HCP as is the case 

of ε-martensite or in the case of mechanical twinning (a reorientation of the FCC lattice). The 

separation distance between partial dislocations is generally speaking inversely proportional to 

the intrinsic stacking fault energy, (i.e. closely spaced partials have a higher SFE than widely 

separated partials), which is related to the repulsive forces of anisotropic elasticity and the 

restorative forces of the SFE [82][83][22]. The purpose of the repulsive force is to reduce strain 

energy between the partials, the magnitude of which is proportional to the square of the Burgers 

vector [84].  
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Figure 2-3: a) Slip system in one unit-cell of the FCC lattice: each {111} plane contains three 

<110> directions. b) The A-B-C (silver-green-red) stacking sequence of {111} planes in a 

multiple unit-cell lattice, and the cut-away dark gray section highlights the specific (111) plane. 

A full dislocation (b1)of a/2 <110> type dissociates into two Shockley partials (b2 and b3) of a/6 

<112> type. The 3-dimensional dissociation is shown in part c). Figure a) from Gottstein [85] 

and b-c) from Chowdhury et. al [86]. 

 

 
Figure 2-4: a) stacking sequence of closed-packed {111} planes in the FCC lattice, including a 

full dislocation (b1) and its dissociated partials (b2 and b3). The trailing and leading partial 

dislocations can widely separate to form a stacking fault, as shown in b) and c). Figures from 

Gottstein [85]. 
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 As stated previously, the intrinsic austenitic stacking fault energy (isf), in units of 

mJ/m2, can be tuned for phase transformation, deformation twinning, and dislocation glide, based 

on temperature and alloy composition [60][66][30][67][61][68][69]. All SFE values mentioned 

refer to intrinsic SFE values (as opposed to energies related to extrinsic stacking faults) unless 

stated otherwise. SFE values of austenitic alloys reported in the literature for Fe-(20-32)Mn-Cr-C 

alloys [87], Co-15-45Ni-14Cr-Mo alloys [88], Fe-Mn-C TWIP steels [89], and Fe-18Cr-10Ni-C-

N alloys [90] have reported twinning is possible for SFE values ranging from 12 to 48 mJ/m2 

(see Figure 2-5). Further, the combination of both mechanical twinning and ε-martensite has 

been observed for SFE values ranging from 8 to 21 mJ/m2 (see Figure 2-5). Further, 

Shiekhelsouk et al. [91] studied polycrystalline TWIP steel through constitutive modeling and 

concluded that forest dislocations dominated short-range barriers to dislocation mobility during 

early levels of strain, grain size and twin spacing of primary twin systems had an effect on the 

dislocation mean free path at mid-to-late levels of strain (acting as long-range barriers to 

dislocation motion) and multiple twin systems produced an effect on the mean free path and 

work hardening rate only at late levels of strain accumulation. 

 A schematic representation of how the deformation twinning mechanism could occur 

through passage of Shockley partials on successive {111} planes is shown in Figure 2-6 [79]. In 

this regard, the twinning mechanism is closely related to the formation of ε-martensite where a 

Shockley partial would pass through every second {111} plane. Twin boundaries in face 

centered cubic (FCC) materials are classically described by a mirror reflection (180° rotation) of 

the matrix lattice and the twinned lattice. It is important to note that the mechanism described in 

Figure 2-6 is not the only proposed mechanism for twinning. Steinmetz  et al. [77] developed a 

multiscale dislocation density-based model for the strain hardening behavior of TWIP steel, 
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which included nucleation driving forces described in detail by Mahajan et al. [92] and showed 

close agreement with experimental results. Mahajan et al. [92] proposed that two full 

dislocations on neighboring {111} planes split into faults and react to produce three Shockley 

partials on adjacent planes (a three-layer stacking fault). Idrissi et al. [93] investigated twinning 

in a Fe-20Mn-1.2C steel and specifically mentioned that twin nucleation models proposed by 

Miura et al. [94] and Cohen et al. [95] best explained the behaviors observed. The MTN model, 

(named after Miura Takamura and Narita [94]) proposed that dislocations pile-up at Lomer 

dislocations (at the junction of a primary and cross slip plane) and react to form two Shockley 

partials and a Frank sessile dislocation of the a/3<111> type. This double layer extrinsic stacking 

fault would serve as the twin nucleus. Cohen and Weertman [95] proposed that the twin nucleus 

forms due to pile-up stresses at Cottrel-Lomer locks, which forces a full dislocation to dissociate 

into a sessile Frank partial screw dislocation and a glissile Shockley partial. Comparatively, 

Gutierrez-Urrutia and Raabe [96] mentioned Cottrel-Lomer locks near dislocation cells played a 

significant role during stage 2 of strain hardening. In this work [96] the authors studied the 

dislocation and twin substructure evolution and observed that the initial increase in the strain 

hardening rate of a Fe-22Mn-0.6C TWIP steel was due to the nucleation of dislocation cells, 

which decreased in size to form highly dense dislocation walls. The authors additionally noted 

that mechanical twinning significantly influenced strain hardening after 0.1 true strain. 

Furthermore, other work by Idrissi [97] showed that the carbon content has a significant effect on 

the morphology and internal dislocation structure of deformation twins. Mechanical twins in the 

carbon-rich steels were thinner and contained more sessile dislocations (compared to carbon-lean 

steels) and were observed to act as more effective barriers to dislocation glide [97].  
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 Some of the first investigations of hexagonal ε-martensite formation (by Olson and 

Cohen [98]) detailed the orientation relationship with austenite as (111)γ||(0001)ε/[1-10]γ||[1-

210]ε. The close-packed planes and directions of ε-martensite are parallel to the listed slip system 

in austenite and can form in austenite during quenching (if cooling temperatures cross the 

martensite start temperature with a sufficient rate) or during tensile deformation. Typically, a 

SFE of 20 mJ/m2 or less (see Figure 2-5) translates to an increased stability of the hexagonal 

close packed (HCP) phase relative to the FCC phase and promotes nucleation of ε-martensite 

[98]. However, in-situ TEM measurements by Brooks et al. [99] showed that the nucleation of 

epsilon may not be as simple as the passage of a Shockley partial on every second {111} plane in 

austenite. The authors observed ε-martensite nucleation near the collection of irregularly spaced 

stacking faults and the ε-martensite thickens with increased deformation. This group of stacking 

faults provides energetically favorable regions for hexagonal lattices as the slight contraction in 

spacing between fault planes helps to minimize the interfacial energy between FCC and HCP 

stacking sequences. Since mechanical properties of Fe-Mn-Al-Si steels depend on SFE [100], 

alloy design requires accurate SFE predictions as a function of temperature and composition. 

Alternatively, De Cooman et al. [101] proposed that the stress value at which twinning initiates 

is inversely related to temperature (assuming the SFE value remains below 45 mJ/m2). 

Traditionally, thermodynamic descriptions do not consider the stacking fault character and use 

constant values for FCC/HCP interfacial and strain energy parameters because the variation with 

respect to temperature is not well understood. In reality, the interfacial energy likely decreases 

with increasing temperature [102]. This subject will be discussed further in Sections 4.2.5 and 

4.2.9. 
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Figure 2-5: Ranges of the intrinsic austenitic stacking fault energy isf (in units of mJ/m2) for 

phase transformation, deformation twinning, and dislocation glide in FCC -Fe alloys reported in 

the literature for Fe-(20- 32)Mn-Cr-C alloys [87], Co-15-45Ni-14Cr-Mo alloys [88], Fe-Mn-C 

TWIP steels [89], and Fe-18Cr-10Ni-C-N alloys [90]. The relation between the isf  axis and 

∆Gε is also indicated, assuming that 2 x 𝜎 ε  = 15 mJ/m2. Composite figure from De 

Cooman et al. [101]. 

 

 
Figure 2-6: Schematic representation of deformation twinning: a) perfect FCC lattice with an A-

B-C stacking sequence b) one-layer (intrinsic) stacking fault c) two-layer (extrinsic) stacking 

fault and d) three-layer (twin) planar fault. The black horizontal arrows indicate the successive 

{111} planes on which Shockley partials – Burgers vector of bp = a/6<112> type – are passed. 

The translation vector T3 maintains the FCC stacking between the neighboring unit cells. Figure 

from Kibey et al. [79], adapted by Saeed-Akbari [103]. 
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2.3 Medium-Mn Twinning and Transformation-induced Plasticity Steels 

 

 Medium-Mn steels are considered third generation advanced high strength steels and 

aim to fill the property gap between first and second generation AHSS by offsetting the 

outstanding mechanical properties of second generation AHSS with the low cost of first 

generation AHSS [33]. Medium-Mn steels generally exhibit a fully deformed martensitic 

microstructure after hot and cold rolling, but designing a multi-phase medium-Mn microstructure 

requires an additional intercritical annealing step (seen in Figure 2-7a). The volume fraction of 

reverted austenite measured at room temperature after all thermo-mechanical processing steps, 

depends on annealing time and annealing temperature [27].  

 Early work by Miller [104] showed how additions of Ni can be used to stabilize 

austenite at room temperature after intercritical annealing and the amount of austenite also 

depends on % cold reduction (see Figure 2-7b). Mn is currently used instead of Ni to stabilize 

austenite due to cost benefits, while C is usually minimized due to welding concerns [105]. The 

partitioning of Mn and C from martensite to form austenite and partitioning of Al from austenite 

to martensite and ferrite during intercritical annealing in the + phase field (temperatures 

between Ac1 and Ac3) control the amount, size, composition and stacking fault energy of the 

reverted austenite [105].  

 Chen et al. [106] measured greater Mn and C concentrations in austenite at lower 

annealing temperatures in a Fe-5.1Mn-1.4Ni-0.2Si-0.035C wt% steel (10.4Mn-0.12C wt% at 600 

°C vs 7.7Mn-0.07C wt% at 650°C). Studies on medium-Mn steels with bulk carbon 

concentrations ranging from 0.2 to 0.4 wt% have shown how cementite formation and 

dissolution at low-angle lath martensite boundaries caused sluggish formation of reverted 
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austenite during early stages of intercritical annealing, rather than reversion depending only on 

partitioning of Mn and C from ferrite to austenite [107][108]. Atom probe tomography (APT) 

results in one of the studies [108] showed a Mn concentration of 28 at.% Mn in a 30 nm-sized 

carbide vs 10 at.% Mn in austenite for an Fe-10Mn-3Al-2Si-0.3C wt% steel (cold-rolled and 

annealed for 10 min at 700 °C). Another study [109] on a quenched and partitioned medium-Mn 

steel (AISI 9260 steel containing approximately 0.6 wt% C) provided evidence of transition 

carbide formation before partitioning of Mn and C from ferrite to austenite. Han et al. even 

observed what is believed to be cementite particles in SEM micrographs after 10 s of annealing 

at 620 °C in a Fe-9Mn-0.05C (wt%) alloy, but noted all cementite particles had dissolved after 

30 s of annealing [109]. Another study by Han et al. [110] on a Fe-9Mn-0.05C (wt%) alloy 

demonstrated that heating rates below 15 °C/s revealed cementite formation whereas heating 

rates above 15 °C/s did not exhibit cementite formation, (both heat treatments involving heating 

to 650 °C or greater and promptly quenching to room temperature without isothermal holding). 

Other studies on low-carbon (< 0.2 wt%) medium-Mn steels observe co-segregation of C and Mn 

during early stages of austenite nucleation followed by a moving ferrite/austenite interface 

during partitioning, which depends on the diffusion of Mn and thus the local equilibrium 

between ferrite and austenite [111][112]. Seol et al. noted that precipitation of 𝜅  carbides, 

[(Fe,Mn)Al3Cx], requires compositions of Mn < 8 wt%, 5<Al<8 wt%, C < 0.3 wt% [113] and 

Raabe et al. showed if the [Al] was greater than 10 % then the L12 𝜅 would precipitate during 

quenching [114]. The medium-Mn alloy in the present work should not contain kappa carbides 

due to insufficient levels of Al and C. 

 Typically, increasing cold reduction increases the amount of retained austenite for 

the same annealing time and temperature due to an increase in the nucleation rate of austenite 
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and directly translates to faster diffusion paths for the partitioned elements [115]. Also, in 

medium-Mn steels, microstructures produced from cold-rolling and intercritical annealing are 

usually exhibit equiaxed ferrite and austenite grains, (related to the numerous partitioning 

pathways afforded by the high dislocation density). On the other hand hot-rolling and 

intercritical annealing tends to produce microstructures in medium-Mn steels that are usually 

more elongated in nature, resembling the acicular martensitic microstructure prior to annealing, 

plate-like interfaces and prior austenite grain boundaries providing the preferred partitioning 

pathways (see Figure 2-7c/d) [104][109]. However, fully equiaxed microstructures may require  

cold rolling on the order of 60-85% cold-reduction in thickness of the plate and intercritical 

annealing times of 16 h or greater [104].  

 Recent work by Zhang et al. [59] on a cold-rolled Fe-7.14Mn-0.23Si-0.14C-0.06Al 

steel observed an elongated microstructure after an intercritical annealing for 3 min at 620 °C, 

which was used to simulate continuous casting conditions. Annealing times from 12 h to 96 h, 

which demonstrated batch annealing conditions, produced more equiaxed grains in the cold-

rolled Fe-7.14Mn-0.23Si-0.14C-0.06Al steel [59]. However, it is important to note that a special 

annealing step (620 °C for 12 h) was completed in between hot-rolling and cold-rolling, meaning 

the intercritical annealing times mentioned above (3 min through 96 h) are actually considered 

the second annealing step after hot-rolling. Other work involving extra thermo-mechanical 

processing steps includes a study by He et al. [116] which utilized a liquid nitrogen bath in 

between steps of hot rolling and intercritical annealing to improve the mechanical stability of 

retained austenite and led to improvements of ductility and strength during tensile testing.   
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Figure 2-7: a) Example of the basic processing sequence involved in typical thermo-mechanical 

processing steps used for medium-Mn steel production. b) Curves showing the effect of cold 

work on austenite transformation time during an intercritical anneal of a 0.053C- 21Ni (wt.%) 

steel. TEM micrographs of the ferrite-austenite microstructures of a 0.11C-5.7Mn (wt.%) steel 

with an initially martensitic microstructure after hot rolling that were c) annealed for 16 h at 600 

°C and d) cold-rolled (60-85%) then annealed for 16 h at 600 °C. Figures a-d) from Miller [104], 

but a) and b) redrawn by Poling [19]. 

  

 The austenite-to-′-martensite transformation depends on both chemical and 

mechanical driving forces [117][118]. Chemical driving forces mostly depend on differences in 

Gibbs free energies, as shown in Figure 2-8a. Initially, during thermo-mechanical processing 

steps of medium-Mn steels, the martensite start temperature (Ms) is usually above room 

temperature, which is why quenching after hot rolling and homogenization, especially at fast 

cooling rates, produces a microstructure with both austenite and martensite [39]. Mainly, the 

chemical driving force is extremely high and the homogenized [prior] austenite does not contain 

enough Mn to be stable at room temperature and a large portion is transformed to athermal 

martensite. The fraction of martensite (fm) can be predicted using contributions from alloy 
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composition (see Equation 2-1 where compositions in weight %  are positive if the element 

increases the Ms temperature and negative if the element reduces the Ms temperature) and 

quench temperature (see Equation 2-2) using the Koistinen-Marburger relationship 

[119][120][121]. After cold rolling, the medium-Mn microstructure is deemed fully deformed 

martensite, which will be discussed in more detail. During intercritical annealing the partitioning 

elements diffuse and create ultrafine-grained stable austenite. The reverted austenite is stable at 

room temperature because the Ms temperature is driven below room temperature [118] during the 

super-saturation of austenite with Mn and C as discussed previously. However, if the intercritical 

annealing temperature is too high and cooling rate too fast, fresh athermal stress-assisted 

martensite can form again. Previous work [39] on medium-Mn steels demonstrates that an 

increase in intercritical annealing temperature increases the austenite volume fraction retained at 

room temperature, up until a specific temperature (T-max), above which the austenite volume 

fraction decreases. The decrease in austenite fraction after intercritical annealing with 

temperatures above T-max is due to the formation of fresh athermal martensite during cooling 

(this temperature varies strongly with carbon content and moderately with parent grain size) 

[39][122]. Further, in original work on multi-phase medium-Ni steels [104] Miller observed a 

decrease in hardness and increase in austenite fraction with increasing annealing temperature up 

until T-max, but hardness rapidly increased and austenite fraction rapidly decreased with 

increasing temperatures above the T-max. Lee et al. observed an increase in austenite fraction 

from 10 to 25% for respective annealing times of 1 h and 24 h at the same annealing temperature 

of 600 °C, (T-max = 650 °C for the Fe-6Mn-0.3C wt% alloy) [39]. 
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M
s
(
◦
C) = 539 – [423 x (wt% C)] – [30.4 x (wt% Mn)] – [7.5 x (wt% Si)] + [30 x (wt% Al)] 

 (Equation 2-1) 

Ms = martensite start temperature 

 

 fm =1−e
−1.1×10−2(Ms−QT)  (Equation 2-2) 

fm = fraction of stress-assisted martensite retained at room temperature 

QT = quench temperature 

 

 In terms of deformation-induced martensite, mechanical driving forces become more 

dominant [118] and the roles of stress-assisted vs. strain-induced nucleation must be considered. 

As Ms decreases relative to room temperature (or alternatively as the environment temperature 

increases above the Ms), the chemical driving forces of Gibbs free energies (transformation from 

gamma to ′-martensite) decrease while mechanical driving forces increase (U’ seen in Figure 2-

8a). The temperature at which the chemical and mechanical driving forces are equal (Ms𝜎) 

indicates the point at which ′-martensite nucleation sites transition from stress-assisted to 

strain-induced [117] (nucleation is assisted by inelastic stress in the austenite between Ms and 

Ms𝜎 and occurs at stresses below the yield strength of the austenite [123]). This transition is 

typically associated with negative strain-rate sensitivities [20][19].  

 Martensite nucleation theory developed by Olson and Cohen [118] (see Figure 2-8b) 

describes a non-linear relationship between temperature and stress for the regime of strain-

induced nucleation. This is an important point to resolve because the TRIP mechanism here 

becomes more complex and is usually associated with low-SFE materials [124]. First, yielding 

occurs through slip in the austenite and when stresses increase locally through accumulation 

plastic deformation, nucleation sites of ′-martensite develop at the intersections of planar 
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defects on non-coplanar slip systems. Specifically, the intersections of two hexagonal ε-

martensite plates, ε-martensite and mechanical twins, ε-martensite and stacking faults or twins 

and stacking faults are possible combinations that nucleate strain-induced ′ martensite within an 

austenite grain [118][125][99][126][127][128][129][130]. As such, the Olson-Cohen model seen 

in Equation 2-3 shows that the strain-induced alpha prime martensite fraction (fα′) depends on 

the rate of planar-defect formation (α), the probability of planar-defect intersections becoming a 

martensite nuclei (β), and plastic strain (𝜀). The β parameter is related to the chemical driving 

force, α is inversely related to the stacking fault energy, (meaning α and β both depend on 

temperature), and the exponent n is typically assumed to be 2 for equiaxed grains and even 

higher for non-equiaxed/textured austenite grains [118]. Temperatures above Md, where the 

Gibbs free energy favors austenite over martensite, austenite is stable against strain-induced 

transformation to ′-martensite. 

 

 fα′ = 1 − exp (−β(1 − exp(−α𝜀))
n
)  (Equation 2-3)  

 

fα′ = fraction of strain-induced ′-martensite 

β  = probability that planar-defect intersections create an ′-martensite nucleus  

α = rate of planar-defect formation 

𝜀 = plastic strain 

n = parameter that relates the austenite morphology to schmid factor 
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Figure 2-8: a) Gibbs free energies of austenite and martensite as a function of temperature. b) 

Schematic presentation of stress-assisted (before yielding) and strain-induced nucleation of 

deformation-induced martensite formation. Ms𝜎 is the temperature at which the deformation-

induced martensite formation is switched from the stress-assisted mechanism to the strain-

induced mechanism. Figure a) from Curtze et al. [117] and b) from Olson and Cohen [118], but 

redrawn by Poling [19]. 

 

 Differences in stress-assisted and strain-induced nucleation are schematically 

represented and identified with TEM from work by DeCooman and Gibbs [124], as seen in 

Figure 2-9. Stress-assisted martensite is defined as the type of martensite that can be produced 

during quenching with fast cooling rates (given the right set of Ms and quench temperatures) by 

stresses that are less than the yield strength of austenite. The predominant driving force of stress-

assisted nucleation is chemical-based (i.e. the driving force of Gibbs free energy). Strain-induced 

martensite is defined as the type of martensite that nucleates after the material is strained and 

contains a high density of dislocations and preferential nucleation sites near the intersection of 

planar defects and partial dislocations. Mechanical driving forces provide the favorable 

nucleation of strain-induced nucleation of martensite, rather than chemical driving forces. For 

lower intercritical annealing temperatures (slightly below T-max seen in Figure 2-9c), athermal 

martensite is not observed in the austenite after quenching (Figure 2-9a) as predicted [7], which 
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means the austenite-to-′-martensite transformation will only be strain-induced (since room 

temperature is greater than Ms𝜎) and must occur during tensile deformation. However, when 

room temperature lies between Ms and Ms𝜎, partial or full transformation of austenite can occur 

during quenching from higher intercritical annealing temperatures and thus prior to tensile 

deformation [124] as predicted in Figure 2-9c and shown in Figure 2-9b.  

 The study by DeCooman et al. [124] also revealed a strong dependence of 

mechanical properties on intercritical annealing temperature (see Figure 2-10a), based on in-situ 

neutron diffraction measurements during tensile deformation (see Figure 2-10b and Figure 2-

10c). The ′-fraction was estimated by subtracting the neutron measurements of austenite, ε-

martensite and intercritical ferrite fractions from 100 pct. Shaded regions in Figure 2-10b and 

Figure 2-10c also include yield-point elongation. Moreover, the lowest intercritical annealing 

temperature of 575 °C had the highest yield strength, second largest total elongation, the most 

amount of yield-point elongation through Lüders banding, the smallest transformation rate of 

austenite (see Figure 2-10b) and a relatively low UTS. However, strain-induced martensite 

transformation did occur readily in the 600 °C annealed sample after 10% engineering strain (see 

Figure 2-10d). The intercritical annealing temperature of 650 °C that produced athermal 

martensite during quenching had nearly the opposite mechanical behavior of the 575 °C 

annealing temperature (low yield strength, low elongation and low amount of yield-point 

elongation as shown in Figure 2-10a and Figure 2-10c). A high transformation rate as seen in 

Figure 2-10c, is indicative of a low SFE, early transformation at 2% engineering strain (see 

Figure 2-10e) and a high UTS (Figure 2-10a).  

 Predicted room-temperature stacking fault energies in the work by DeCooman et al. 

[124] are based on measured austenite compositions after annealing and quenching and ranged 
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from 12 mJ/m2 for the 575 °C annealing temperature to 1 mJ/m2 for the 650 °C annealing 

temperature, which indicates that twinning is not a likely mechanism and a full transformation of 

austenite to ′-martensite is likely. Also, the lower the SFE, the higher the transformation rate of 

austenite. Other recent work [54][131] has shown that an increase of the intercritical annealing 

temperature decreases the Mn content in austenite and also decreases the SFE of the austenite. 

The SFE is important for determining TWIP and TRIP effects in the  phase during deformation 

[39][132][55][133][56][134]. As Mn diffusion in austenite is sluggish, the reverted grains tend to 

be ultra-fine in size (less than 1 µm in diameter) [107].  As compared to fully austenitic steels, 

Gutierrez-Urrutia et al. [135] observed that decreasing the grain size from 50 to 3 μm reduced the 

activity of mechanical twinning, but did not completely suppress the secondary deformation 

mechanism. 
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Figure 2-9: 7.1Mn-0.12Si-0.1C TRIP steel annealed for 168 h at a) 600 °C and b) 650 °C, 

followed by water quenching. BF-TEM images (with inset SAED patterns) were recorded prior 

to any tensile testing. a) The UFG microstructure annealed at 600 °C for 168 h is predominately 

dislocation free, while the UFG microstructure b) annealed at 650 °C for 168 h has dislocation 

tangles in the ferrite, and some fully transformed austenite grains, consistent with c) the 

predicted austenite stability. Figure a-b from De Cooman et al. [124] and c) from Gibbs [7]. 
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Figure 2-10: a) Quasi-static engineering stress-strain curves from room-temperature tensile 

testing of the 7.1Mn-0.12Si-0.1C steel annealed for 168 h at the temperatures listed on the figure 

and water quenched. Relative austenite and martensite fractions as a function of engineering 

strain measured with in-situ neutron diffraction for the b) 575 °C and c) 650 °C heat treatments. 

d) Bright-field TEM images (with inset SAED patterns) of an austenite grain in a sample 

annealed at 600 °C and deformed to 10 % engineering strain shows a high density of 𝜀 -
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martensite plates, which locally nucleated strain-induced ′-martensite. e) Dark-field TEM 

images of an austenite grain in a sample annealed at 650 °C and deformed to 2 % engineering 

strain shows multiple variants of 𝜀-martensite. Figures a-c) from Gibbs [7] and figures d-e) from 

De Cooman et al. [124]. 

 

 Recently, both static and dynamic strain-aging effects have been observed in 

engineering stress-strain curves and high frame-rate thermal imaging for medium-Mn TRIP 

steels with equiaxed microstructures of ultrafine-grained ferrite and austenite 

[40][41][42][43][44][45][46]. The static aging process is characterized by an upper yield point, 

lower yield point and yield-point elongation when interstitial atoms such as carbon diffuse to and 

pin edge dislocations. The pinned dislocations are less mobile and when new dislocations are 

generated with increasing dislocation density, the stress drops from the upper to the lower yield 

point. Yield-point elongation in low-carbon ferritic steels typically crosses the gauge section of a 

tensile specimen through a heterogenous band (Lüders banding) and is associated with a low 

work-hardening rate [136]. The Lüders banding in medium-Mn TRIP steels is more complex as 

the heterogenous deformation not only increases the dislocation density of ferrite grains, but also 

initiates stress-assisted 𝜀-martensite transformation of austenite grains [124]. Dynamic strain-

aging effects (serrated plastic flow after Lüders banding) has been observed for many medium-

Mn steels  and examples are shown in Figure 2-10a for specimens intercritically annealed at 600 

and 625 °C. The dynamic strain aging is typically characterized with large steps of change in 

stress and fine serrations in between. Some studies have associated the re-arrangement of 

interstitial atoms in austenite during a strain-induced transformation as the leading cause of 

serrations in the tensile curve (after Lüders banding has occurred) [40][41]. Other studies 

attribute the relatively low activation energy of short-range diffusion of C in dislocations cores 

[137], C-vacancy complexes, as well rearrangement of C-Mn couples during reorientation of the 
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lattice through the passage of a stacking fault through the FCC lattice [42]. C-Mn couples have 

been theorized to show prominent behavior in low SFE TRIP steels as the low SFE translates to 

more widely separated partials and more favorable orientations for pinning stacking faults [42]. 

Finally, there are many types of dynamic strain-aging events (various types of serrations named 

Portevin-Le Châtelier bands can exhibit step-wise or jerky flow in stress-strain curves during 

initiation and propagation of deformation bands) and are similarly attributed in other respects as 

related to interactions of interstitial carbon with a stacking fault [138].  Moreover, Lüders 

banding is not practical for complex geometries of automotive parts as some areas become 

thinner than expected during forming operations and can lead to premature failure, while 

dynamic strain again can also lead to localized plastic instabilities and premature cracking 

[42][43][44][45][46]. Therefore, careful analysis of the mechanical properties, composition and 

microstructure of the medium-Mn steel investigated in this work will be discussed later in the 

context of such plastic instabilities. 

 Multi-phase modeling of medium-Mn steels is an important aspect in understanding 

and predicting alloy design of next-generation AHSS. Matlock et al. predicted the area of 

opportunity in mechanical properties, appropriate for third generation steels, by applying 

Mileiko’s composite model [139] and varying the phase fraction of austenite and ′-martensite 

[33]. In terms of TRIP steel, Ma and Hartmaier were able to include a martensite nucleation 

parameter, (based on plastic deformation of austenite), to differentiate between the anisotropy of 

stress-assisted and strain-induced martensitic transformations [140]. However, a recent trend in 

advanced high-strength steel design includes finite element frameworks to model deformation, 

with the goal of predicting strain localization in multi-phase steels and informing design 

strategies. Latypov et al [141] obtained all of the experimentally determined information about 
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the microstructure with electron backscatter (EBSD) maps and concurrently simulated tensile 

deformation and microstructural changes through 50 % engineering strain using appropriate 

constitutive models outlined by previous work [142][143]. Moreover, microstructure-based 

finite-element models may ultimately provide answers that sufficiently explain the complex 

strain-hardening behavior of multi-phase steels and will assist in the design of next-generation 

advanced high-strength steels. 

 

2.4 High Strain-Rate Deformation 

 

 High strain rates can be achieved in a few ways, mainly the split-Hopkinson bar test, 

uniaxial ring expansion, dynamic torsion and servo-hydraulic tension [142][143]. The range of 

strain rates necessary to determine an effect on microstructure involves the consideration of 

adiabatic heating (not present at quasi-static strain rates) for strain rates approximately greater 

than ̇  = 10-3 /s. Viscous dislocation-drag kinetics are considered at ultra-high strain rates, 

(greater than ̇ = 103 /s), since dislocation velocity approaches the speed of transverse sound 

waves [146]. Relevant to this work is the transition from quasi-static to low dynamic strain rates 

(̇ = 10-4 /s to ̇ = 103 /s) [11], which can be used to simulate crash conditions and speeds of 

forming operations. Challenges involving measurement of load, strain and temperature at high 

rates tends to push the limits of data acquisition and processing, but will be discussed in the 

following section. As shown in Figure 2-11, TWIP steels possess the highest specific energy 

absorption of all advanced high-strength steels when axial crush tests are deformed at rates of ̇ = 

102 /s. 

 One measure of strain-rate sensitivity is measured as the change in flow stress at 

constant strain, with respect to strain rate [147]. If the stress component increases linearly with 
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respect to strain rate, the material is said to have a positive m coefficient, where m is the slope of 

the relevant stress vs. strain rate. Flow-stress relationships may be understood as a dynamic 

interaction of lattice resistance (Peierls barrier), strength of dislocation interactions, interstitial 

and solid-solution hardening and grain boundaries [148]. However, planar defects also need to be 

considered in the flow-stress equation as they provide obstacles to subsequent dislocation 

motion, which is a strengthening mechanism. Gray’s review [147] went on to classify some 

common metals into three groups: pure FCC, BCC & HCP and a special group consisting of 

alloyed FCC and/or BCC or HCP which deforms primarily by dislocation slip, but eventually 

develops deformation twinning as a secondary mechanism. Figure 2-12 relates the generalized 

evolution of mechanical properties with respect to decreasing temperature and increasing strain 

rate for each of the three groups. High strain rates can have similar effects on flow stress as low 

temperatures due to the thermal and athermal components of flow stress [149].  

  

 σ = σa + σ0(̇,T) + σp(̇,T,ε)  (Equation 2-4)  

σ = flow stress 

σa = athermal term (long-range barriers) 

σ0 = frictional term (short-range Peirels barriers) 

σp = thermally-activated term (other short-range barriers) 

̇ = strain-rate 

T = Temperature 

ε = strain 

 

 Seen in Equation 2-4, σa is the athermal component of flow stress, which stems from 

long-range barriers to dislocation motion that cannot be overcome by thermal energy, such as 

grain boundaries, precipitates or dislocation substructures [149]. The Peierels barrier, or 

frictional component of flow stress (σ0) represents the stress required to overcome lattice friction 

and depends on strain rate and temperature. The thermally-activated term (σp) is similar to the 
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frictional term in that both depend on strain rate and temperature, but in this case also represents 

the storage of dislocations (accumulated through strain) [18]. Thermal components in flow stress 

originates with short-range obstacles to dislocation motion, which can be overcome by thermal 

energy [150]. For body centered cubic (BCC) metals, the primary short-range barrier is the 

Peirels stress (σ0) and for FCC is dislocation forests (related to σp), which translates to 

differences in strain-rate sensitivities for pure BCC and pure FCC materials [150]. Solute atoms 

can also act as thermally-activated short-range barriers, especially Si in high-Mn austenitic 

steels, which will be discussed in section 4.2.9 through the context of high strain-rate behavior 

[65].  

 

 
Figure 2-11: A qualitative comparison of the crash performance properties (obtained after high 

strain rate axial crush tests) of various generations of advanced high strength steels. Figure from 

De Cooman et al. [101]. 
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Figure 2-12: The generalized effect of an increase in strain rate on true stress-strain curves for: a) 

pure FCC b) pure BCC & pure HCP c) alloyed FCC and/or BCC and HCP which develop 

deformation twinning. Figure from Gray [148]. 

 

 Campbell et al. [151] studied annealed mild steel (a microstructure with 

polycrystalline BCC crystal structure) and measured a positive strain-rate sensitivity of the lower 

yield stress (see Figure 2-13). Specifically, lower yield stress increases linearly with strain rate 

for various temperatures (195 K to 373 K), where the thermal component dominates (from ̇ = 

10-2 /s to ̇ = 103 /s). However, at strain rates of ̇ = 104 /s and greater, where viscous drag 

influences dislocation velocity, the lower yield stress increases in a parabolic manner with 

increasing strain rate. These observations are consistent with the expectation that the Peirels 

barrier in BCC metals contributes to strong positive strain-rate sensitivity when thermally-

activated and time-dependent short-range barriers dominate the contribution to yield stress by 

inhibiting dislocation mobility [150] as generalized in Figure 2-12b. To clarify, if long-range 

dislocation interactions dominate a given stress component, little to no strain-rate sensitivity is 

expected [149], which is the case when mild steel is deformed at high temperatures (493 K and 

713 K) and strain rates below ̇ = 103 /s [151].  

 Thermally-activated dislocation mobility in alloyed FCC steels, such as Hadfield 

steels also shows a strongly positive strain-rate sensitivity of the flow stress to thermally-
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activated and time-dependent short-range barriers [152] as the yield strength in Figure 2-14a 

nearly doubles, (an increase of approximately 500 MPa), when increasing strain rate from ̇ = 10-

3 /s to ̇ = 103 /s. The generalized behavior of alloyed FCC metals in Figure 2-12c, (increasing 

strain rate increases yield strength and strain-hardening rate), nearly matches the results of the 

Hadfield steel (see Figure 2-14a) and Figure 2-14b shows the steep increase in stress at ̇ = 103 /s 

for various values of true plastic strain, which is attributed to viscous drag on dislocations [152]. 

In contrast, pure FCC materials such as copper only exhibit a modest increase in yield stress of 

approximately 100 MPa when strain rate is increased 7 orders of magnitude (see Figure 2-15), 

which is consistent with the behavior described in Figure 2-12a. 

 

 
Figure 2-13: Strain rate and temperature dependence of lower yield stress in an annealed mild 

steel, organized by areas of dominating contributions such as I) athermal components II) thermal 

components and IV) viscous drag of dislocation velocity. Figure re-plotted by Bruce [153] from 

Campbell et al. [151]. 
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Figure 2-14: a) True stress-strain curves and b) strain-rate dependence of flow stress of a 

Hadfield Steel for room temperature tensile tests. Figure from Lee et al. [152]. 

 

 
Figure 2-15: Strain rate dependence of yield stress in OFHC Cu (ZA is the Zerilli and Armstrong 

model). Figure from Huh et al. [154]. 
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2.4.1 Mechanical-Testing Recommendations and Interruption at High Strain Rates 

 

 A fundamental understanding of the deformation mechanisms of TWIP-TRIP steels 

at high strain rates will be beneficial for implementing these steels into automotive vehicles and 

designing future TWIP-TRIP steel grades, particularly as it relates to the response of TWIP-

TRIP steels to high strain rates experienced during crashes and advanced forming processes [10]. 

Under crash conditions, steel components are subjected to a wide range of strain rates, most of 

which can be simulated with tensile tests in the strain rate range of ̇ = 10-2 /s to ̇ = 103 /s [11]. 

Implementation of complex geometries and varying thicknesses of automotive body parts 

requires a deeper understanding of TWIP-TRIP steel behavior at high strain rates, since many 

studies on sheet steels have shown an influence of specimen thickness on mechanical properties 

[155][156][157][158][159]. Interrupted tests are essential for gaining an in-depth understanding 

of how next-generation steels behave at high strain rates. Interrupted high-rate tests with 

electromagnetic forming have been reported as far back as 1982 and allow for characterization of 

the microstructure at appropriate levels of strain [160]. Choi et al. [161] measured the volume 

fraction of retained austenite in two different TRIP sheet steels as a function of strain at rates up 

to ̇ = 6x102 /s with the use of an interruption device during high strain-rate tensile testing. The 

methodology to interrupt high strain-rate tensile tests developed by Choi et al. was used in the 

present work. As such, the structure-property information from high strain-rate tensile tests is 

potentially useful for models to predict the performance of sheet steel forming behavior and 

automotive crash response of components in the vehicle body.  
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2.4.2 Adiabatic Heating 

 

 A fraction of plastic deformation is converted to heat during tensile testing and can 

raise the temperature of the tensile specimen, depending on the rate of plastic deformation [150]. 

High strain-rate tensile testing does not allow sufficient time for heat to diffuse from the interior 

of a tensile specimen to the free surfaces, which leads to adiabatic heating. Since adiabatic 

heating is a product of higher strain rates and SFE is sensitive to temperature, understanding the 

deformation mechanisms as a function of strain rate for microstructures containing austenite 

requires quantitative measures of the heat produced during a tensile test [68]. Work by 

Rodríquez-Martínez et al. [17] employed a novel method of in-situ measurements of temperature 

with a high speed thermal camera during high strain testing of AISI 304 stainless steel at room 

temperature (see Figure 2-16). The heat generated throughout the gauge section after yielding 

increased almost linearly as a function of true strain up until the point of necking, upon which the 

temperature increased dramatically.  

  

 
Figure 2-16: a) Maximum temperature increase and true stress as a function of true strain for 

AISI 304 stainless steel deformed at room temperature. B) Maximum temperature increase as a 

function of time in AISI 304 stainless steel. Figure from Rodríquez-Martínez et al. [17]. 
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 ∆T = 
𝛽

𝜌𝐶𝑝
 ∫ 𝜎𝑑𝜀

𝜀

0
  (Equation 2-5) 

∆T = change in temperature 

𝛽 = conversion efficiency (plastic work to heat) 

𝜌 = mass density 

𝐶𝑝 = heat capacity 

𝜀 = plastic strain 

 

 Equation 2-5 shows the predicted change in temperature (∆T) as a function of plastic 

strain (𝜀) and stress (𝜎), where 𝛽 is the efficiency of conversion of plastic work to heat, 𝐶𝑝 is the  

heat capacity and 𝜌 is the material’s mass density [150]. Novel experimental techniques have 

been utilized to measure the amount of retained austenite and rise in adiabatic heating via non-

contact methods for TRIP and DP steels [162]. In the case of third generation AHSS, work by 

Poling [19] on QP980 (Fe-1.79Mn-1.52Si-0.039Al-0.2C in wt%) and TRIP7Mn (Fe-7.14Mn-

0.23Si-0.056Al-0.14C in wt%) steels studied the effect of strain rate on mechanical properties 

using servo-hydraulic tension (see Figure 2-17a/b) and measured the change in temperature at 

UTS using a high-rate data-acquisition thermocouple system at strain rates from ̇ = 1x10-3 /s to ̇ 

= 1x102 /s. Most importantly, the adiabatic heating model used in the study on the TRIP7Mn 

steel, (see specific values as related to Equation 2-5 in Figure 2-17d), confirmed that the heat 

generated during tensile deformation did not reach adiabatic conditions until a strain rate of ̇ = 

1x10-1 /s and greater. This is an important point of discussion in the next section as related to 

relative stability of austenite and the TRIP mechanisms, as well as suppression of dynamic strain 

aging in the medium-Mn AHSS. 
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Figure 2-17: a) Engineering stress-strain curves for quenched and partitioned 980 steel deformed 

at strain rates from ̇ = 1x10-3 /s to ̇ = 1x102 /s at room temperature and b) corresponding 

temperatures at UTS. c) Engineering stress-strain curves for TRIP7Mn steel deformed at strain 

rates from ̇ = 5x10-4 /s to ̇ = 2x102 /s at room temperature, plus d) corresponding change in 

temperature at UTS for a given strain rate and an adiabatic heating model. Figures from Poling 

[19]. 

 

2.4.3 Effects of Strain Rate on Deformation Mechanisms in High-Mn and Medium-Mn 

Steels 

 

 In the high strain-rate condition, some FCC metals that possess a high SFE and do 

not normally twin under quasi-static deformation, may actually twin easily at the high stress 

levels associated with high rates of plastic strain [148]. The second fold of these conditions 

reveals that certain materials, which already favor twinning at intermediate environment 

temperatures and strain rates, may display an increase in twinning density in more extreme 
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conditions when viscous drag of dislocations contributes more significantly to flow stress, as 

compared to the equilibration of heat [148]. Although temperature influences SFE, which 

influences mechanical properties, temperature also has a direct effect on mechanical twinning. 

Specifically, Steinmetz et al [77] showed that an increase in temperature from 293 to 473 K 

delayed the onset of twinning from 0.1 to 0.18 true strain in a high-Mn TWIP steel, due to an 

increase in critical stress for twinning. Effectively, at 473 K the strain-hardening rate was lower 

at early levels of strain as compared to 293 K, but the twin volume fraction after 0.4 true strain 

was nearly the same. At 673 K and above, the typical boost in strain-hardening rate due to 

twinning is nearly absent, which means the onset of twinning was delayed to high levels of strain 

such that the change in twin volume fraction never reached its full potential as compared to room 

temperature. However, when considering only yielding behavior in AHSS, short-range barriers 

have been shown to be the leading causes of increases in strain-rate sensitivity for ferritic 

stainless, austenitic stainless, dual-phase, quenched and partitioned and TRIP steels (see Figure 

2-18). The strain-rate sensitivity of the ferritic stainless steel was nearly the same as the 

austenitic stainless steels, indicating the BCC Peirels barriers have similar contributions (in terms 

of order of magnitude) as thermally-activated short-range FCC barriers. 
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Figure 2-18: Yield stress versus strain rate measured at room temperature for a) 409 ULTRA 

FORM® ferritic stainless steel, b) a commercial dual phase steel, c) 309 and 304L stainless steels 

and d) dual-phase 980, quenched and partitioned 980, quenched and partitioned 3Mn and TRIP 

7Mn steels, (LYS is the lower yield stress measured after yield-point elongation). Figure a) from 

Clarke et al. [163], b) from Bruce [153] c) from Lichtenfeld et al. [16] and d) from Poling [19]. 

 

 The work of Grässel et al. [30] is of particular interest for the first half of the present 

study on a Fe-25Mn-3Al-3Si wt% steel as the high strain-rate mechanical properties were 

previously measured with sub-sized tensile samples using multiple mechanical testing methods. 

The results seen in Figure 2-19 show a strong strain-rate sensitivity of the yield and ultimate 

tensile strengths, which was not discussed in detail as the focus of the paper pointed more 

towards the other high-Mn steel alloy development and the effects of temperature on mechanical 



 48 

properties. Grässel et al. [30] measured a small negative strain-rate sensitivity of uniform 

elongation and attributed the observation to adiabatic heating, but the relative increase in 

temperature during testing was never measured. Further, only twinning was observed in TEM 

and no high strain-rate tests were interrupted to investigate the evolution of the microstructure. 

As Pierce [31] identified the combination of twins and hexagonal 𝜀-martensite, the present work 

will investigate the role of strain rate on any changes in microstructural evolution that may occur 

due to changes in stacking fault energy. A study by Curtze et al. [68] measured the effects of 

stacking fault energy, temperature and strain rate for Fe-Mn-Al-Si steels. The chemical and 

magnetic contributions to SFE are shown in Figure 2-20a and the effect of temperature on SFE is 

represented in Figure 2-20b. Mainly, all Fe-Mn-Al-Si steels possessed room-temperature SFE 

values between 20 and 45 mJ/m2 (the twinning-dominated regime) and the alloy with a RT SFE 

of 42 mJ/m2 (labeled TWIP 3) would need to be deformed at a temperature of approximately 85 

°C to change the SFE to a value that would suppress twinning. Furthermore, all three TWIP 

steels had positive strain-rate sensitivities of YS and UTS (see Figure 2-20c). Notably, increasing 

the strain-rate from ̇ = 1x10-3 /s to ̇ = 1x103 /s increased the uniform and total elongations of 

the TWIP steel with the RT SFE of 21 mJ/m2 (labeled TWIP 1) whereas the TWIP steel with the 

RT SFE of 42 mJ/m2 (labeled TWIP 3) exhibited a reduction in uniform and total elongations, 

which was attributed to an increase in SFE through adiabatic heating [68]. 
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Figure 2-19: Strain rate dependence of yield strength (0.2% offset), ultimate tensile strength, 

uniform elongation and total elongation for a Fe-25Mn-3Al-3Si (wt%) steel deformed at room 

temperature. Figure from Grässel [30]. 

 

 
Figure 2-20: a) Stacking fault energy of TWIP 1 as a function of temperature (𝜃) broken down 

into components of chemical, magnetic and interfacial contributions. B) Stacking fault energies 

of the 3 TWIP alloys as a function of temperature (𝜃). Room temperature values are highlighted. 

c) Strain rate dependence of yield strength and ultimate tensile strengths of 3 TWIP steels. Slope 

m = d𝜎/d ln̇ is the strain-rate sensitivity factor. Figures from Curtze et al. [68]. 
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 The effect of strain rate (from ̇ = 1x10-5 /s to ̇ = 1x10-1 /s) on mechanical properties 

and deformation mechanisms was studied previously for a Fe-12Mn-0.6C TWIP steel [20]. The 

authors concluded that lower strain rates favor austenite to 𝜀-martensite TRIP effects whereas 

high strain rates favor mechanical twinning of austenite, (TWIP effects). The strain-rate 

dependence of the plasticity enhancement was due to a critically resolved shear stress (CRSS) 

dependence of the 𝜀-martensite on temperature, rather than the slight increase in SFE due to 

adiabatic heating. Furthermore, Lee et al. [20] also reported that with increasing strain rate, the 

strain-hardening rate initially decreased and then increased again. The highest strain-hardening 

value achieved was at the lowest strain rate when TRIP effects dominated and the strain-

hardening values had a minimum at 10-3 /s when TRIP & TWIP effects were in competition 

[20]. However, this fully austenitic steel contained Portevin-Le Chatelier bands during 

deformation, due to the significant amount of carbon present. Another study by Yang et al. [21] 

investigated two austenitic steels that revealed contrasting behaviors. The DSA-free FeMnSiAl 

steel did not show any strain-rate sensitivity of twinning density for all studied strain rates (from 

̇ = 10-4 /s to ̇ = 100 /s) and exhibited a strong positive strain-rate sensitivity of the YS, UTS and 

PSE (see Figure 2-21a) [21]. The FeMnC steel, which deformed in part through dynamic strain-

aging (DSA) at quasi-static strain rates, showed an obvious decrease in density of twin 

boundaries and DSA activity at higher strain rates and a negative strain-rate sensitivity of the YS 

and UTS (see Figure 2-21b) [21]. It is possible that negative strain-rate sensitivity can occur in 

steels due to the influences from a change in twinning and/or transformation rate of austenite, as 

well as the critical strain for onset of DSA [20][164]. As DSA activity declines with increasing 

strain rate during room-temperature tensile tests, strain rate sensitivity of the UTS becomes 

negative [19]. 
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Figure 2-21: Tensile engineering stress-strain curves of a) FeMnC and b) FeMnSiAl TWIP steels 

deformed at strain rates from ̇ = 1x10-4 /s to ̇ = 1x100 /s at room temperature. Figures from 

Yang et al. [21]. 

 

 For room-temperature tensile tests at quasi-static strain rates, there are many articles 

that have investigated deformation mechanisms and mechanical properties of medium-Mn steels 

by reporting the effect of intercritical annealing temperature, phase size and phase fractions of 

the microstructure [39][55][56][165][54] as has been discussed previously in section 2.3. 

Extensive work by Poling [19] on a TRIP7Mn steel included changing the environment test 

temperature and strain rate to study mechanical properties (Figure 2-22a) and used an 

interruption device [13] and X-ray diffraction to measure the transformation rate of retained 

austenite (see Figure 2-22b). The TRIP7Mn steel (Fe-7.14Mn-0.23Si-0.056Al-0.14C in wt%) 

consisted of an equiaxed ferrite-austenite UFG microstructure and had significant static aging 

(Lüders banding) and dynamic strain aging during room temperature quasi-static servo-hydraulic 

tensile tests. Poling [19] noted that adiabatic heating causes an increase in austenite stability, 

(less TRIP activity due to an increase in SFE), during high strain-rate tests at all test 

temperatures and the test temperature of 70 °C showed the greatest stability. Also, the 

discontinuous serrated plastic flow disappeared at high strain rates and was attributed to 
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adiabatic heating. The disappearance of DSA at high strain rates, specimen self-heating at high 

levels of plastic strain and significant adiabatic heating at high strain-rates all contributed to the 

negative strain rate sensitivities of the UTS and UE (see Figure 2-22d/f). However, the upper and 

lower YS had positive strain-rate sensitivities, indicating the short-range barriers played a 

significant role during yielding of the multi-phase medium-Mn TRIP steel. Increasing 

temperature generally decreased strength and increased ductility (see Figure 2-22c/e) for the 

same steel [19]. To contrast and compare the work by Poling [19], the transformation rate of 

austenite was not affected by strain rate and adiabatic heating in a TRIP700 steel (Fe-1.6Mn-

1.5Al-0.22C-0.05Si supplied by Thyssen-Krupp Stahl AG), but an increase in environment 

temperature stabilized the austenite by increasing the SFE [14], as shown in Figure 2-23. Poling 

concluded several reasons for the disparity between high strain-rate test results of various TRIP 

steels, including more heat dissipation during testing from miniature specimens, differences in 

thermal conductivity, initial austenite content and grain size/morphology [19]. 
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Figure 2-22: a) Engineering stress-strain curves for TRIP7Mn steel from tensile tests at strain 

rates of ̇  = 5x10-4 /s to ̇  = 1x10-1 /s and temperatures of -10, 22 and 70 °C, plus the 

corresponding changes in retained austenite volume % as a function of plastic engineering strain. 

Dependence of yield strengths and ultimate tensile strenghts on c) temperature and d) strain rate. 

Dependence of uniform and total elongation on e) temperature and f) strain rate. Figures from 

Poling [19]. 

 

 
Figure 2-23: Tensile test results for TRIP700 steel tested at strain rates from ̇ = 4x10-4 /s to ̇ = 

4x10-1 /s for three different temperatures (- 60, 20 and 100 °C). Figures from Jiménez et al. [14]. 
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2.5 Objectives and Goals 

 

 There is strong agreement in the literature concerning the effects of environment test 

temperature on tensile properties and stacking fault energy of austenite in second and third 

generation AHSS. An increase in environment test temperature diminishes strength and work-

hardening rate, increases the stacking fault energy of austenite and decreases the transformation 

rate of austenite [12][13][14][77][68][19][21][148][60][66][30][67][61][68][69].  However, 

based on the literature presented in this chapter, there is significant scatter and disagreement 

regarding the effects of strain rate and adiabatic heating on the martensite transformation rate and 

activity of twinning during high strain-rate deformation. Depending on the austenite fraction, 

morphology, grain size, phase composition and stacking fault energy, an increase in strain-rate 

can lead to a decrease in martensite transformation rate [15][16][17][18][19], an increase in 

density of mechanical twinning [21][148], a transition from transformation-dominated to 

twinning-dominated plasticity-enhancing mechanisms [20], or no effect at all on the 

transformation rate [13][14]. The effect of adiabatic heating is certainly more prevalent at higher 

strain-rates and high levels of accumulated strain, but based on which strengthening mechanisms 

are used in various high-Mn and medium-Mn steels, the temperature and strain-rate contributions 

to the thermal component of flow stress can result in various strain-rate sensitivities of UTS  

[19][149][150][65][18]. These differentiations of course become more complex in multi-phase 

steels that deform in part by static and dynamic strain-aging phenomena 

[40][41][42][43][44][45][46]. Finally, it is possible that more than one of the proposed twinning 

mechanisms contribute to strain-hardening in a single TWIP steel, plus sensitivities of twinning 

and dislocation substructures to interstitial content likely contribute to the complex work-

hardening behavior of TWIP and TWIP-TRIP steels [79][77][92][93][94][95][96][97]. 
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 The goal of this work is to gain a fundamental understanding of the effects of strain 

rate on the mechanical properties and deformation mechanisms in non-commercial and 

industrially relevant AHSS. The present research uses advanced characterization techniques and 

novel in-situ temperature measurement methods during mechanical testing to investigate the 

fundamental behavior of two AHSS. Where austenite is a major or a minor microstructural 

constituent (high-Mn and medium-Mn steels respectively) the effect of strain rate on changes in 

strength, ductility and work-hardening rate of advanced high strength steels are measured. 

Deformed microstructures are characterized to study the influence of strain rate on the dominant 

deformation mechanisms in single-phase and multi-phase steels, when austenite SFE is held 

constant. Specimen heating measurements are used to predict the changes in stacking fault 

energy using a thermodynamic model to investigate to what degree adiabatic heating affects 

deformation mechanisms in and tensile properties of TWIP-TRIP steels. Important aspects in 

alloy design of next generation AHSS such as annealing temperature, bulk composition and 

constituent composition are considered in regard to austenite SFE and the effects of annealing 

time on phase fraction and grain size were measured. The effect of annealing time on high strain-

rate behavior was also investigated. A range of empirical techniques and results were considered 

so as to inform constitutive modeling of an AHSS, which allowed for prediction of next 

generation AHSS properties using tunable parameters relevant for AHSS design. 
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CHAPTER 3 

 

3. EXPERIMENTAL METHODS 

 

3.1 Materials and Thermo-Mechanical Processing 

 

3.1.1 Fe-25Mn-3Al-3Si Steel 

 

 The high-Mn steel alloy, [Fe-24.8Mn-2.99Al-3.03Si-0.019C-<0.001O wt%], was 

induction melted, cast into an ingot in an Ar atmosphere and thermo-mechanically processed by 

hot rolling at 1100 °C to produce two 10-mm thick plates. One plate was further processed for 

uniaxial ring expansion testing and the other for servo-hydraulic tension. 

 A 50% cold-rolled reduction was applied to one of the 10-mm thick plates to 

produce a 5-mm thick plate and then recrystallized for 0.5 h in air atmosphere at 900 °C. This 

plate was used for machining uniaxial ring expansion specimens, where the height of the ring is 

the thickness of the plate (5 mm). Grain size analysis using ASTM E112 [166] yielded a 20 µm 

average grain size.  

 The other 10-mm thick plate was sectioned in half to study the effect of sheet 

thickness on servo-hydraulic tensile properties. The plate halves were further hot-rolled to 3.0 

and 2.2 mm, then a 50% cold-rolled reduction was applied to respectively create 1.5 and 1.1 mm 

sheets. These sheets were recrystallized for 0.5 h in air at 900 °C. Parallel plate grinding was 

used to remove the oxide scale and produced final sheet thicknesses of 1.15 and 0.95 mm. Grain 

size analysis using ASTM E112 [166] yielded a 21 µm average grain size for both sheet 

thicknesses (1.15 mm and 0.95 mm). Thus, the 1.15 mm thick sheet has a slightly higher 

thickness-to-grain-size ratio. 
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3.1.2 Fe-12Mn-3Al-0.05C Steel 

 

 The medium-Mn steel alloy, An ingot of [Fe-12.27Mn-3.01Al-0.046C-<0.001O] 

(wt%) was induction melted, cast into an ingot in an Ar atmosphere and thermo-mechanically 

processed by hot rolling at 900 °C to 3.4 mm thickness, homogenized in an Ar atmosphere at 

1100°C for 2 h, water-quenched to room temperature, (below the Ms temperature) and cold-

rolled to 1.7 mm, (a 50 % reduction in thickness), to produce a fully deformed martensitic 

microstructure. To study the effect of annealing time, samples were annealed at 585 °C for 0.5, 8 

and 48 h. Grain size measurements with electron backscatter diffraction of the ultrafine-grained 

multi-phase microstructure will be discussed in section 4.3.2. 

 

3.2 Specimen Machining and Mechanical Testing 

 

3.2.1 Uniaxial Ring Expansion of High-Mn Steel 

 

 High strain-rate uniaxial ring expansion was used to study microstructures after 

interruption at high strain rates at The Ohio State University. Eight sets of three concentric rings 

were machined from the 5 mm plate with inner diameters of 15.9, 25.4 & 50.8 mm (a drawing of 

the concentric rings shown in Figure 3-1a). Wall thicknesses of each ring were chosen such that 

the same radius/thickness ratio was achieved to keep a consistent hoop-stress state, (when 

modeled as a thin-walled pressure vessel) [167]. The expansion method was equipped with a 

large bank capacitor to deliver large amounts of energy on the order of kJ in extremely short 

timeframes (a few µs) to vaporize an Al wire, which expands an elastomer and eventually the 

ring of steel, (setup seen in Figure 3-2). A laser was mounted away from the test setup and 
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pointed orthogonally to the outer wall of the expanding ring. The change in frequency is used to 

calculate velocity and acceleration of the expanded ring via photonic Doppler velocimetry (pDv) 

[167].  

 

 
Figure 3-1: a) Drawing of uniaxial ring expansion specimens (units in inches) such that the 

height of rings is equal to the thickness of the plate. b) specimens were machined along the 

rolling direction and holes were appropriately drilled to feed the wire through for electro-

discharge machining of the c) concentric set of rings. 
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Figure 3-2: a) Schematic of the uniaxial ring expansion setup and b) the actual setup with a 

medium-sized ring. c) A comparison of the unexpanded ring sizes is shown (ruler units in 

inches). 

 

3.2.2 Servo-Hydraulic Tension of High-Mn Steel  

 

 Tensile specimens for elongation to failure and interruption were wire electro-

discharge machined with dimensions as indicated in Figure 3-3, based on specimen designs from 

Choi et al. and Addessio [161][168]. The 3.05 mm radius of the grip notches on the interruption 

geometry were further notched with a slow speed diamond saw blade to ensure interruption after 

the desired deformation in the gauge section. The schematic of the interruption device is shown 

in Figure 3-4. Tensile testing was performed at Colorado School of Mines with a MTS 810 high-

rate servo-hydraulic testing system. The system was comprised of a 500 kN capacity frame with 

a 50 kN capacity actuator. A 400 kN Kistler piezoelectric load washer was used to measure load. 

Data acquisition rates up to 2.5 MHz are attained through the National Instruments oscilloscope 
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software program VirtualBench ScopeTM and a National Instruments 12-bit data acquisition 

board with four data channels. A two-valve system and a slack adapter on the actuator allow the 

actuator to move at low and high rates. Strain was measured with a high elongation Vishay EP-

08-250BG-120 strain gauge adhered to the specimen with Vishay M-Bond A-12. However, the 

strain gauge often detached prior to necking of the specimen as the strain gauge is only rated up 

to a total strain of 0.2. For tests at ̇ = 2x101 /s and slower, the engineering strain rate prior to 

debonding was used to extrapolate the strain data to fracture. Total strain in every mechanical 

test was corroborated with caliper measurements of the gauge length before and after tension 

testing (see Figure 3-5a-b). Specimens were strained in tension at various strain rates (from ̇ = 

2x10-4 /s to ̇ = 2x102 /s) either to failure or to specific strain levels using the interruption device 

and technique developed by Choi et al. [161].   

 

 
Figure 3-3: Drawing of fabricated tensile specimens for failure and interruption at high strain 

rates, (T is sheet thickness), based on previous studies [161][168]. 
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Figure 3-4: Schematic of stopper dynamics during high strain rate interruption of sheet metals. 

Figure from Choi et al. [161]. 

 

 
Figure 3-5: a) Strain gauged pull to failure tensile specimen with a 1 inch (25.4 mm) gauge 

length and the setup with the b) interruption geometry and device (ruler units in inches). c) Setup 

of a pull to failure test at ̇ = 102 /s with a plastic strain gauge mounted on the gauge length and 

two elastic gauges mounted on the grip section near the load washer. d) Representative thermal 

camera view of the tensile specimen, in this case during an interrupted test, (note the black 

spraypaint on the side viewed by the camera). 

 

3.2.3 Servo-Hydraulic Tension of Medium-Mn Steel and Digital-Image Correlation 
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Figure 3-6: Servo-hydraulic specimen geometry for grip-loaded and pin-loaded geometries. 

Dimensions are expressed in inches.  

 

 
Figure 3-7: Mechanical testing setups for a) low rate tests from ̇ = 10-4 /s to ̇ = 10-2 /s, b) 

medium-rate tests at ̇ = 101 /s and c) high-rate tests at ̇ = 102 /s. Note the locations of the optical 

digital image correlation cameras and infrared thermal camera. 

 



 63 

 
Figure 3-8: Tensile specimen pulled to failure at ̇ = 101 /s (note the pin-loading holes). The 

image is used to show the size scale (ruler in inches) of the digital image correlation marks 

(black ink marks on a white background). 

 

 Figure 3-6 shows the specimen used in the servo-hydraulic tests involving the 

medium-Mn steel. Specimens used in low-rate tests on the Instron 8502 did not have pin-grip 

holes. Specimens were water-jet cut from the original sheets. Pin-loading holes were milled with 

a carbide tool while clamped in the vise of a milling machine. In general, the holes passed the 

loading pin without excessive force.  

 Tests at nominal strain rates of  ̇ = 10-4 /s and ̇ = 10-2 /s took place on a 100 kN 

servo-hydraulic test machine with hydraulic grips (see Figure 3-7a). Strain measurement 

generally employed real-time digital image correlation (see Figure 3-8) using Correlated 

Solutions Vic-Gauge to virtually define a nominal G = 19.8 mm extensometer. This real-time 

processing sent a signal proportional to the strain directly to the test-machine software. In 

parallel, the software saved a subset of the images for post-test analysis (Correlated Solutions 

Vic-3d7). In several cases, these images were used to compute the strain, also by virtually 

defining a nominal G = 19.8 mm extensometer and computing engineering strain from the 

position of individual subsets in the test. Usual analysis parameters were approximately 30 pixel 

subset size, and 7 pixel step. The pattern for digital image correlation (DIC) was white paint 

sprayed on one face of the specimen, with black random pattern applied by an inked roller. Low-

rate tests used Point Grey Gazelle 4 MP CMOS cameras  
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 Tests at a nominal rate of  ̇  = 101 /s took place on the National Center for 

Automotive Lightweighting (NCAL) high-rate servohydraulic test machine (at the National 

Institute of Standards and Technology in Gaithersburg, MD) which uses a slack adapter and pin-

loaded grips.  Figure 3-7b shows a typical test setup. Forces were measured using a Kistler load 

washer. Cameras were 1 MP Photron SA5, windowed to 256x1024 and acquiring images at 

21,000 frames per second. The DIC pattern was applied by white paint with black ink applied by 

an inked roller. Two halogen lamps positioned about 10 cm from the specimen provided lighting, 

but tended to heat the surface of the specimen about 10 ◦C before the test.  

 Tests at nominal rate ̇ = 102 /s took place on the NCAL high-rate servohydraulic 

test machine, which uses a slack adapter and pin-loaded grips. Figure 3-7c shows a typical test 

setup that used large LED lights, which heated the specimen less than halogen lights and allowed 

shorter exposures. Images were acquired at 21,000 frames per second. All specimens were 

instrumented with two strain gauges (CEA-13-250UW-350) for force measurement, because the 

impact of the slack adapter produced unacceptable ringing in the load washer force signal (see 

Figure 3-7c). Before each test, these gauges were calibrated against the load washer up to P = 

1200 N force in the testing machine. In these tests, the DIC pattern was white base and black 

overspray, which produced more optimal spot size.  

  

3.2.4 Kolsky-Bar Tension of Medium-Mn Sheet Steel 

 

 Kolsy-Bar specimens were machined (see drawing in Figure 3-9) from the same 

medium-Mn steel sheets used for servo-hydraulic testing. These specimens were pin-loaded onto 

a 1 m striker bar (see Figure 3-10) and pressures of 70 psi were used to achieve failure of the 

specimens at approximately ̇ = 1 x 103 /s, while pressures of 40 psi were used to interrupt tests 
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via a momentum trap, as recommended by the IISI [144]. Analysis of stress was carried out as 

described by Whitenton [169] and ultra-high frame rate digital image correlation was used to 

measure strain in the gauge length as described in section 3.2.3. 

 
Figure 3-9: Drawing of pin-loaded sheet specimens for Kolsky-bar deformation  
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Figure 3-10: Kolsky-Bar setup at the National Institute of Standards and Technology in 

Gaithersburg, MD. 

 

3.3 Non-Contact Temperature Measurements 

 

 Non-contact temperature measurements during servo-hydraulic testing of the high-

Mn alloy were collected during all mechanical tests with an infrared thermal camera (FLIR® 

A655sc) at a frame rate of 200 Hz (5 ms between frames), to produce a matrix with 640 x 120-

pixel resolution per frame. The calibration range of this device is -40 to 150 °C, and within this 

range the overall accuracy of absolute temperature measurement is ±3 °C. The maximum reading 

which could be displayed outside this calibrated range was 160.2 °C. To ensure consistent 

temperature measurements, the side of the gauge section without a strain gauge was coated with 

black spray paint [emissivity approximately equal to 1]. The camera had an unobstructed view of 
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the specimen during testing as seen in Figure 3-5d. A large sheet of cardboard was placed behind 

the specimen during testing to achieve a uniform background.  The absolute values of the non-

contact temperature measurements were corroborated by measurements made with a 

thermocouple that was resistance-welded to the other side of a tensile specimen during a practice 

test. Non-contact temperature measurements during servo-hydraulic testing of the medium-Mn 

alloy were collected during all tests to capture a thermal history of the specimen using a FLIR® 

A655sc camera (640x480 pixels at 30 fps and windowed to 640x240 at 60 fps). 

 

3.4 Data Acquisition at High Strain Rates 

 

 In the case of tests with the high-Mn alloy at ̇ = 2x102 /s, measurement of load and 

strain was performed with multiple methods. The engineering strain rate was higher than 

expected based on the actual displacement rate and resulted in extrapolated total elongation 

values up to eng. = 0.25 greater than total elongation measured on the fractured tensile specimen 

with calipers. Therefore, for ̇ = 2x102 /s tests, actuator displacement rate was used instead to 

estimate strain after debonding of the strain gauge. For tests faster than ̇ = 2x101 /s, the swift 

connection of the slack adapter generated mechanical resonance in the specimen and testing 

machine, which led to large oscillations in the load data, as seen in supplementary Figure A-1. 

The load-ringing amplitude could be minimized by reducing the mass between the gauge section 

and the load measuring device, which is why titanium grips were used [150][153]. Yang et al. 

suggest the use of two elastic strain gauges to reduce load oscillations (one on each side of the 

grip section seen in Figure 3-5c) during high strain-rate tensile testing on a servo-hydraulic 

testing machine [170]. The load data from both strain gauges is averaged and significantly 

reduces oscillation amplitude, as shown in supplementary Figure A-2. Although this was not an 
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option for all pull-to-failure tests, this concept was implemented in one test to check agreement 

of the hardware-based method suggested by Yang et al. with the software-based smoothing 

methods described below. The data-reduction methods implemented in this work for the tests at ̇ 

= 2x102 /s comprise a moving average using MATLAB® (three iterations of smoothing for each 

data set), and spline fitting of the linear-elastic region and necking-fracture regions using 

GrapherTM software, as shown in Figure A-3. Both the hardware and software-based smoothing 

methods provide satisfactory solutions to the problematic raw load-washer data, as shown in 

Figure A-4.  

 Low-rate tests of the medium-Mn alloy used the strain signal directly output from 

the Vic-gauge where possible. In some cases, where the real-time analysis failed during the test, 

the individual images were analyzed post-test, but always with a nominal G = 19.8 mm gauge 

length. Strains from medium-rate (̇ = 2x101 /s) tests were always computed post-test with the 

same nominal G = 19.8 mm gauge length. Forces and stresses were computed from the load-

washer signal. The high-rate tests employed a more complicated analysis. The force and stress 

signals were computed as the average from the two strain gauges during the test. The tensile 

strength, Su, was calculated from the force-time signal captured using a parallel, high speed data-

acquisition unit running at 500 khz, instead of the unit that captured the images, which ran at 21 

khz. Actual engineering strain rates were calculated from a linear regression of the engineering 

strain-time data, generally in a strain region after yield, and always before the ultimate tensile 

strength.  
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3.5 Optical Microscopy 

 

 Samples for optical microscopy were prepared from the high-Mn and medium-Mn 

steels by grinding through 400, 600, 800 & 1200 grit SiC paper, mechanical polishing through 

3µm & 1µm diamond suspensions, plus a 50 nm silica suspension and then finally etched with a 

10% nital solution, (10 % HNO3 in 90 % CH3OH by volume). 

 

3.6 Micro-Hardness Testing 

 

 Micro-hardness measurements were made on 3 mm discs of every deformed sample 

of the high-Mn alloy (on samples prepared for optical microscopy) with 32 indents per sample 

and 400 µm spacing between indents, using an 800 g load on a Vickers micro-hardness machine. 

 

3.7 Characterization of Planar Defects in the Single-Phase High-Mn Steel 

 

 To quantitatively characterize the effects of strain rate on changes in the distribution 

of planar defects in the high-Mn steel (especially twins and 𝜀-martensite) both SEM and TEM-

based characterization techniques have been utilized by others [171][58][59][174][61][176]. 

Such characterization techniques are used to quantify the thickness and spacing of planar defects 

(see Figure B-1 and Figure B-2) and include electron backscatter diffraction (EBSD), electron 

channeling contrast imaging (ECCI), and conventional dark-field transmission electron 

microscopy (DF-TEM). To minimize as many variables as possible in quantifying planar defects, 

the microscopy work discussed in this chapter is based on tensile specimens of the same sheet 

thickness (1.15 mm). Micro-hardness indents were placed in a grid on polished SEM samples to 

act as markers during imaging. EBSD was used to survey grains with <101> orientations parallel 

to the beam direction. For those properly oriented grains, ECCI was used to first survey for 

proper channeling conditions, then record at medium-high magnification a slow scan image 
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revealing the planar defects. Figure B-1 shows example images recorded on the different 

microscopes.  Suitable DF-TEM diffracting conditions were achieved with a TEM (FEI Tecnai 

Osiris) at 200 kV by first surveying grains with convergent beam electron diffraction (CBED) 

and orienting them to a <101> beam direction, followed by selecting the appropriate extra 

reflections (twinning or ε-martensite) in selected-area electron diffraction (SAED) patterns with 

a sufficiently small (10 μm) objective aperture to produce an unambiguous DF image (Figure B-

2). An image-processing recipe [FFT filter, adaptive threshold, black-white inversion, feature 

rejection and watershed] was used to segment planar defects from a given image using MIPAR 

software [177]. Approximately 100 lines were drawn perpendicular to the segmented defects and 

used to count the thickness of and spacing between all planar defects in a given image.  

 

3.7.1 Electron Backscatter Diffraction and Electron Channeling Contrast Imaging 

 

 For scanning electron microscopy (SEM) sample preparation of the high-Mn steel, 3 

mm discs electro-discharge machined from gauge sections were mounted in conductive bakelite. 

To achieve the preparation quality needed for high-resolution measurements in the SEM, (which 

are discussed above), the bulk samples were mechanically polished with SiC paper (400 through 

1200 grit) auto-polished with 3 µm and 1 µm diamond spray solution, etched for 20 s with 3 % 

nital to chemically remove mechanical polishing effects and auto-polished through a 50 nm 

oxide polishing suspension, before final cleaning. EBSD on a field-emission SEM (JEOL JSM 

6500F) at 25 kV was used to survey grains with <101> orientations parallel to the beam 

direction. For those properly oriented grains, ECCI on a field-emission SEM (Zeiss Merlin) at 30 

kV was used to first survey for proper channeling conditions, then record at medium-high 

magnification a slow scan image revealing the planar defects. 
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3.7.2 Transmission Electron Microscopy 

 

 For transmission electron microscopy (TEM) sample preparation from the gauge 

sections of interrupted and pulled-to-failure tensile specimens from the high-Mn steel, 3 mm 

discs were wire electro-discharge machined orthogonal to the thickness dimension. To achieve 

electron transparency, these discs were mechanically polished to ~100 µm with SiC paper and 

electro-polished with a Struers TenuPol-5 twin jet system (-30 °C, 15 V, 80 % CH3OH, 20 % 

HNO3 by volume). Conventional transmission electron microscopy techniques were completed 

with an FEI Tecnai Osiris TEM operated at 200 kV. 

 

3.8 Characterization of Ultrafine-Grained Morphology, Alloy Partitioning and Deformation 

Mechanisms in the Multi-Phase Medium-Mn Steel 

 

3.8.1 Electron Backscatter Diffraction 

 

 For electron backscatter diffraction (EBSD) sample preparation, sections of the 

intercritically annealed medium-Mn steel were mounted in conductive Bakelite and the rolling 

direction was noted. These samples were successively ground using 400, 600, 800, 1000 and 

1200 grit SiC paper, auto-polished with a 1 µm diamond solution, etched for 5 s with 5 % Nital 

to chemically remove mechanical polishing effects, (5 % HNO3 in 95 % CH3OH by volume), 

hand-polished in a 50 nm OPS suspension, washed with a soapy cotton ball, rinsed with CH3OH 

and blown dry. EBSD measurements were completed using a JEOL JSM-6500F FESEM with 

the following SEM and scan parameters: 15 kV accelerating voltage, 12 nA probe current, 18 

mm working distance and a 30 nm step size. Data cleanup involved a grain confidence index 
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standardization and data points with a confidence index lower than 0.1 were omitted from all 

figures. 

 

3.8.2 Transmission Electron Microscopy and Energy Dispersive Spectroscopy 

 

 This work uses bright-field transmission electron microscopy (BF-TEM), convergent 

beam electron diffraction (CBED) and scanning TEM energy-dispersive X-ray spectroscopy 

(STEM-EDS) techniques to further characterize the UFG structure. TEM-based experiments 

were performed using an FEI Tecnai Osiris operated at 200 kV and equipped with a quad Super-

X detector. Sections of the intercritically annealed medium-Mn steel were successively ground to 

100 µm using 400, 600, 800, 1000 and 1200 grit SiC paper. Punched 3-mm discs viewed in the 

normal direction were electropolished to electron transparency with a Struers twin-jet system 

(5% HClO4, 35% [CH3(CH2)3]-O-C2H4OH, 60% CH3OH by volume, -30°C, 15 V). Multiple 

methanol and ethanol cleaning baths were used during final dipping/cleaning. Other sections of 

the intercritically annealed material that were prepared for EBSD were used to extract focused 

ion beam (FIB) liftouts for TEM analysis [viewed in the rolling direction] using an FEI Helios 

NanoLab G3 CX FIB-SEM. Using Ga ions, a protective Pt layer was deposited, a trench was 

bulk milled at 21 nA/30 kV, intermediately milled at 2.5 nA/30kV, lifted out, attached to a grid, 

thinned at 0.79 nA/30 kV and cleaned at 0.07 nA/5kV. Bruker Esprit software was used to record 

200 kV STEM-EDS hypermaps on electropolished samples and FIB liftouts with typically 40 µs 

dwell time per pixel, 1 nm pixels, 2  2 µm scanned area and 20 frames for approximately 600 s 

acquisition. Data processing included background subtraction, peak deconvolution and 

normalized wt% mapping for each hypermap. 
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3.8.3 Atom Probe Tomography 

 

 Atom probe tomography (APT) needles were created by first creating a FIB lift out 

sample (5 µm x 20 µm x 5 µm) from the intercritically annealed material. In the case of samples 

annealed for 0.5 h, when a low fraction of austenite was present, site-specific FIB lift outs were 

extracted using information from prior EBSD scans to capture all phases present. FIB liftouts 

were sectioned onto posts and concentrically milled at 2.5 nA/30 kV and then 0.79 nA/30kV to 

create a needle geometry. Final cleaning with the FIB at 5 kV and 0.07 nA was used to produce 

tips of approximately 25 nm radii and a 4 ° shank half angle. Such needles were subsequently 

loaded into a CAMECA LEAP 5000 XS APT system and ran until fracture, (Laser-pulse mode, 

15 % field evaporation, 70 K environment temperature). 

 

3.9 X-Ray Diffraction 

 

3.9.1 High-Mn Steel 

 

 Sample preparation for XRD experiments of the high-Mn steel involved mechanical 

polishing through 1200 grit SiC paper and a final chemical polishing to remove the damaged 

surface layer (samples were dipped into baths of HF for ~ 300 s). The temperature-dependent 

XRD patterns were collected using an X-ray diffractometer (PANAlytical X’Pert MPD Pro) with 

Cu Kα radiation (λKα1 = 1.54060 and λKα2 = 1.54443 Å), equipped with an Anton Paar XRK-900 

heating stage. Prior to each XRD measurement at each temperature, 3 minutes of waiting time 

was allowed for temperature equilibration. The 2 scanning range, step size and scan rate for 

each measurement was 30-120°, 0.0167113° and 0.107815 deg/s, respectively. The XRD 

measurements which used the heating stage were performed in an Ar environment from 298 to 
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973 Kelvin and the first five allowable austenite peaks were identified for each XRD scan. 

Austenite lattice parameters were calculated using Bragg’s law and the Nelson-Riley function to 

account for larger sensitivities of the lattice constant at higher diffraction angles [178]. 

Specifically, the angle of every k-alpha 1 diffraction peak was fit at full width half max using 

PANAlytical Data Viewer software and a linear regression of calculated lattice constants was 

used to find the intercept of all diffraction angles for a given alloy and temperature. 

 

3.9.2 Medium-Mn Steel 

 

 Sections of the intercritically annealed medium-Mn steel used for X-ray diffraction 

(XRD) measurements were not mounted to minimize background noise. The sample surfaces 

[viewed in the normal direction] were ground with SiC paper from 400 through 1200 grit, auto-

polished with 1-µm diamond solution, hand-polished with a 50-nm OPS suspension, electro-

polished at 15 V for 45 s to chemically remove mechanical deformation, (10% HCLO4 in 90% 

CH3COOH by volume), rinsed with CH3OH and blown dry. XRD patterns were collected using 

an X-ray diffractometer (Meteor0D) with Co Kα radiation (λKα = 1.78897 Å, 40 kV and 30 mA) 

in point focus mode and equipped with a Huber 4-circle + xyz goniometer. The 2 scanning 

range, 2 step size, count time and rate of sample rotation for each measurement were 20-130°, 

0.03°, 20 s/step, and 1 turn/s, respectively. Bruker TOPAS v5.0 was used for Rietveld analysis 

and included calibration of instrumental broadening with a Si sample, a 4th order polynomial 

background subtraction and a preferred orientation (6th order). 
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CHAPTER 4 

 

4. RESULTS AND DISCUSSION 

 

4.1 Characterization of Planar Defects in a High-Mn TWIP-TRIP Steel Deformed by 

Uniaxial Ring Expansion 

 

 This work involves the investigation of deformed microstructures that exist after 

interruption of high strain-rate tests using Fe-25Mn-3Al-3Si wt% steel. The work by Grässel et 

al. [30] is of particular interest as the high strain-rate mechanical properties were previously 

measured with sub-sized tensile samples, but no high-strain rate tests were interrupted to 

investigate the evolution of the microstructure. Mechanical twinning was the only type of planar 

defect identified with TEM by Grässel et al. [30] in specimens from interrupted quasi-static 

tensile tests, but Pierce [31] identified both mechanical twins and hexagonal 𝜀-martensite using 

TEM in specimens from interrupted quasi-static tensile tests. Therefore, section 4.1will present 

and discuss characterization results from tests of the Fe-25Mn-3Al-3Si wt% steel when 

interrupted at strain rates of ̇ = 1x103 /s or greater. 

 

4.1.1 Measurements of Strain Rate During Uniaxial Ring Expansion 

 

 The method of mechanical testing presented in this section, uniaxial ring expansion, 

uses a shock wave from a vaporized wire to provide strain rates from ̇ = 1x103 /s to ̇ = 1x104 /s. 

This expansion method uses a large bank capacitor to deliver kJ worth of energy in a few µs to 

vaporize an Al wire, which expands an elastomer cylinder and a ring of high-Mn steel that is 

positioned near the midpoint in height of the elastomer cylinder, (see Figure 3-2 for a detailed 

view of the experimental setup). A high frequency laser is mounted away from the point of 
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vaporization and positioned orthogonally to the outer wall of the expanding ring. The change in 

frequency is used to calculate velocity and acceleration of the expanded ring via photonic 

Doppler velocimetry (pDv) [167]. The strain rate of the expanding ring is controlled by the ring 

diameter and the total strain by input energy. Figure 4-1 provides results of strain rate 

measurements with the high frequency laser during the expansion of a 25.4 mm diameter ring. 

Seen in Figure 4-1a is the frequency trace of the laser measured throughout the entire interrupted 

test, (expansion did not result in failure of the ring specimen). Using photonic Doppler 

velocimetry (pDv) [167], the Doppler effect is used to convert the change in frequency of the 

laser as a function of time to a change in velocity as a function of time (Figure 4-1b) and the 

diameter of the ring is used to calculate the strain rate as a function of true strain (Figure 4-1c) 

using the methods developed by Johnson [167], since the quotient of expansion rate and original 

diameter is proportional to strain rate. The ring is first expanded by the elastomer, then the 

elastomer contracts and the ring expands by its own inertia (termed a freely expanding ring). As 

the expansion in this case is an interruption (the ring was not pushed to failure) the strain rate is 

not constant throughout the entire test, as shown by the parabolic nature of velocity as a function 

of time. For simplicity, when describing interrupted uniaxial ring expansion tests, the highest 

strain rate measured by the laser during the free expansion of the ring will be specified in 

subsequent discussion, ( ̇  = 3.5x103 /s in the case of Figure 4-1c). Figure 4-1d provides a 

qualitative view of the interrupted test involving the expansion of a 25.4 mm diameter ring 

(before deformation) to 0.14 true strain (after expansion). 
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Figure 4-1: a) The trace of a high-frequency laser measured with photonic Doppler velocimetry 

[167], b) resulting velocity as a function of time and c) strain rate as a function of true strain. The 

results presented in parts a-c) are from the expansion of a 25.4 mm (1 in) ring that was 

interrupted at 0.14 true strain and the d) optical view of an undeformed and expanded ring (ruler 

in inches). 

 

4.1.2 Optical Microscopy of Deformed Microstructures 

 

 Multiple sets of concentric rings were machined from a 5 mm thick plate of Fe-

25Mn-3Al-3Si, (drawing of the concentric rings shown in Figure 3-1a). With radius-to-wall-

thickness ratios held constant, inner ring diameters of 16, 25 & 51 mm resulted in strain rates of 

̇ = 9.1 x103 /s, ̇ = 3.5x103 /s & ̇ = 1.1x103 /s and input energies of 2, 4 & 8 kJ produced total 
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true strains of 0.12, 0.14 & 0.18, respectively, for all inner ring sizes. Figure 4-2a provides an 

optical view of the undeformed microstructure, which consists of equiaxed grains of 

approximately 20 µm in size and annealing twins within some of the undeformed grains 

annealing twins, which are produced during the homogenization step. Figure 4-2b-d shows 

optical micrographs of resulting microstructures from the interrupted ring expansion tests 

mentioned. Even though TEM is required to differentiate between mechanical twins and/or 

martensite plates, Figure 4-2b-d provides discernible examples of thin strain-induced planar 

defects within grains and in some cases, multiple variants (indicated by white arrows). After 

interruption at true = 0.12 (Figure 4-2b), planar defects are apparent in a minority of the grains 

whereas interruption at true = 0.18 (Figure 4-2d) at a strain rate approximately an order of 

magnitude smaller than that during the interruption at true = 0.12, planar defects are clearly 

visible in the majority of grains. The micrographs in Figure 4-2 originate from areas within 

deformed rings that are viewed in the same direction the laser measures strain rate (orthogonal to 

the outer wall of the expanding ring). 
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Figure 4-2: Optical micrographs of the Fe-25Mn-3Al-3Si alloy deformed using uniaxial ring 

expansion: a) undeformed material, b) small ring tested at ̇ = 9x103 /s and expanded to true = 

0.12, c) medium ring tested at ̇ = 3.5x103 /s and expanded to true = 0.14 and d) large ring tested 

at ̇  = 1x103 /s and expanded to true = 0.18. Multiple variants of mechanical twins and/or 

hexagonal epsilon martensite laths are indicated by arrows. All samples etched for 20 s with 10% 

nital and the current view is orthogonal to the expanding direction. 

 

4.1.3 BF-TEM Surveying Prior to HR-STEM 

 

 

 Bright-field TEM (BF-TEM) micrographs shown in Figure 4-3 provide higher 

resolution images (as compared to optical microscopy) of the deformed microstructures created 

during high strain-rate ring expansion of Fe-25Mn-3Al-3Si steel. The planar features in Figure 4-

3a are planar defects, which are mixed in between widely separated partial dislocations and 

extended stacking faults, (image recorded within a single grain of a small ring sample deformed 
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at at ̇ = 9x103 /s and expanded to true = 0.12).  Figure 4-3b shows an image from a ring sample 

deformed to true = 0.18 at ̇ = 1x103 /s, where there are planar defects and a high density of 

stacking faults and tangled partial dislocations. Other BF-TEM observations in a medium ring 

sample deformed at at ̇ = 3.5x103 /s and expanded to true = 0.14 include multiple variants of 

stacking faults (see Figure 4-3c) and planar defects that appear to both impede (black arrows in 

Figure 4-3d) and allow transmission of (white arrows in Figure 4-3d) subsequent partial 

dislocation motion on non-coplanar slip systems. This behavior is quite interesting as the high 

magnification BF-TEM image in Figure 4-3d shows no obvious indications as to why a relatively 

thick planar defect can both impede and transmit partial dislocation motion on non-coplanar 

glide planes. Higher-resolution techniques, such as probe-corrected high-angle-annular-dark-

field (HAADF) STEM imaging, are needed to characterize and understand planar defects in 

deformed high-Mn steel. 

 A crucial aspect of acquiring atomic-resolution images of defects in metals with 

advanced electron microscopes involves surveying grains in BF-TEM prior to high-resolution 

scanning. Not only is meticulous planning required to find a previously identified area of interest 

that is a few microns wide, but there are specific experimental challenges involved with high 

resolution imaging of planar defects in electropolished samples of high-Mn steel. One challenge 

is that electropolished samples are thick (> 25 nm) and often have poor edge retention (curling 

and cracking). In the case of BF-TEM images in Figure 4-4a and Figure 4-4b, the edges of the 

grains are thin (noted by the gradual increase in electron transparency) and are not curled or 

cracked. Also, electropolished samples have local bending and the deformed materials have 

subtle changes in local crystallographic orientation across the area of interest. The grains 

observed in Figure 4-4a and Figure 4-4b are flat, which is confirmed by the absence of 
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significant bend contours (most of the grain is dark because it is flat and tilted to a zone axis). 

Finally, the correct <110> zone axis with the twin/martensite {111} habit plane must be parallel 

to the beam direction must be chosen (note the extra reflections in the inset diffraction patterns of 

Figure 4-4a and Figure 4-4b), with minimum sample tilt so as to minimize the effective thickness 

and beam scattering within the tilted thin foil.  
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Figure 4-3: BF-TEM micrographs of the Fe-25Mn-3Al-3Si alloy deformed using uniaxial ring 

expansion: a) small ring tested at ̇ = 9x103 /s and expanded to true = 0.12, b) large ring tested at 

̇ = 1x103 /s and expanded to true = 0.18 and c) medium ring tested at ̇ = 3.5x103 /s and 

expanded to true = 0.14. d) Planar defects found in specimens from the medium ring expanded to 

true = 0.14 can in some cases impede the motion of subsequent partial dislocations on non-

coplanar slip systems (black arrows) and in other cases allow transmission of partial dislocations 

(white arrows).  
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Figure 4-4: BF TEM images of separate grains in a ring sample deformed to true = 0.18 strain at 

̇ = 1x103 /s. The inset SAED patterns, recorded at <110> zones, indicate two types of planar 

defects: a) hexagonal 𝜀-martensite and b) mechanical twinning. High-resolution HAADF-STEM 

images recorded using a 300 kV probe-corrected FEI Titan3 G2 at the Center for Electron 

Microscopy and AnalysiS from the respective grains above (part c corresponds to the grain in 

part a and part d corresponds to the grain in part b), where regions of FCC matrix (M), hexagonal 

𝜀-martensite (white bracket), twinning with respect to matrix (T) and twin boundaries (white 

arrow) are marked. 

 

 Figure 4-4a shows a BF-TEM image of a deformed grain with numerous planar 

defects and is part of a sample extracted and electropolished from a ring specimen deformed to 
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true = 0.18 strain at ̇ = 1x103 /s. The inset selected area electron diffraction (SAED) pattern 

recorded at a <110> zone axis provides evidence of hexagonal reflections in between the larger 

and more intense FCC reflections and are characteristic of 𝜀-martensite plates [99]. Therefore, 

the SAED pattern in Figure 4-4a indicates that the planar defects viewed parallel to the direction 

of the electron beam in the bright field image are hexagonal 𝜀-martensite plates. Figure 4-4b 

shows a BF-TEM image of another grain in the same electropolished sample that has been tilted 

to the <110> zone axis as noted by the dark contrast surrounding the planar defects. The inset 

SAED pattern indicates the planar defects viewed parallel to the beam direction are mechanical 

twins, as indicated by the smaller (less intense) reflections that give the appearance of a rotated 

reciprocal lattice [171]. However, when the grains are viewed at higher magnification with a 

probe-corrected STEM, (the image is recorded from a HAADF detector), stacking sequences of 

the resolved atomic columns indicate that mechanical twins and 𝜀-martensite plates exist in both 

grains, regardless of which dominantes in the SAED pattern. This behavior is consistent with 

dark-field TEM measurements by Pierce [22]. Furthermore, the defects are as small as a few 

atomic columns in width. The main limitation of this imaging technique is the limited field of 

view, which is outweighed by the atomic-resolution performance. Although in-situ heating was 

not measured during ring expansion testing, the results in Figure 4-4 confirm that mechanical 

twins and 𝜀 -martensite are still active deformation mechanisms during high strain-rate 

deformation (̇ = 1x103 /s) and may co-exist within the same grain, regardless of dominant 

reflections in the SAED pattern. Finally, an advantage of imaging with HAADF-STEM is that 

the amplitude contrast is less susceptible to local sample tilt compared to phase contrast imaging 

in HR-TEM [171], but requires removal of artifacts from slow scan noise before quantitative 

measurements can be completed. 
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4.1.4 Slow-Scan Noise Removal in Atomic-Resolution HR-STEM Images and Quantitative 

Strain Mapping 

 

 

 Additional high-resolution HAADF-STEM imaging was performed on the same 

areas shown in Figure 4-4a/b viewed in the <110> zone axis and carried out with a double-

corrected TEAM 0.5 FEI Titan operated at 300 kV in the National Center for Electron 

Microscopy (now part of the Molecular Foundry, LBNL), using a method which combines 

orthogonal STEM scans to correct for slow-scan noise [179]. After a real-space reference lattice 

is defined, images from the 0 and 90° scans, with respect to the slow scan direction are 

combined. Each pixel along the fast-scan direction of the 0° image is used to locate the position 

of each atomic column, which is then cross-referenced with the same atomic column position in 

the 90° scan. Therefore, the atomic column position has been identified using the fast-scan and 

slow-scan directions. Moreover, artifact removal and noise reduction is best achieved when 

atomic planes are angled slightly away from parallel, with respect to the slow-scan direction. 

These images were further analyzed with a principal component analysis (PCA) technique, 

which can cluster atomic-column positions into categories based on local distance and angle 

[180]. An example of a relatively low magnification atomic-resolution image recorded from the 

grain with twinning reflections in the SAED pattern (Figure 4-4b) is shown in Figure 4-5a, where 

the slow scan noise has already been removed by the method developed by Ophus et al. [179]. In 

Figure 4-5b, the results of the PCA technique confirms the observations in Figure 4-4d, but for a 

much larger field of view. Mainly, in the grain that yields a SAED pattern with only twin 

reflections, both twins and very thin hexagonal 𝜀-martensite plates are present, in many cases 

existing on neighboring glide planes and/or being mixed together.  
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 Next, real-space strain analysis, was completed on high-magnification images (after 

slow-scan noise removal). First, planar defects in the grain with twin reflections in the SAED 

pattern were analyzed. Figure 4-6b shows the PCA analysis, which reveals two twins with a 

matrix plane separating the two, including an extra AB stacking layer neighboring the twin 

boundary of the bottom twin from the real-space strain-analysis results in  Figure 4-6d-f, there is 

one clear observation. Between the lower twin boundary of the top twin and the upper 

boundaries of the lower twin, (which includes a single matrix layer, one layer of AB stacking and 

a trapped partial dislocation), there is a consistent grouping of compressive strain perpendicular 

to the basal planes as well as compressive shear strain. These results indicate that either the 

number of twin boundaries/AB layers contributes to the compressive strains or that the proximity 

of planar defects, (in this case only separated by one plane of FCC matrix), contributes to the 

compressive strains that may have trapped the partial dislocation in the bottom left corner of the 

image. In-situ TEM analysis by Brooks et al. [52] [53] on epsilon martensite plates in austenite 

measured an approximate 1-2% contraction of the spacing perpendicular to the fault plane by 

comparing TEM electron micrographs of overlapping stacking-faults to computed micrographs 

of the same stacking-faults. The authors observed that ε-martensite usually forms on the 

operating slip plane and nucleated from the conglomeration of irregularly spaced stacking faults 

which gradually (with more deformation) become thicker. Other authors have reported that 

coherency strain energy arises from the contraction of the fault plane within the FCC matrix 

[51][57]. 

 To corroborate the first set of real-space strain-analysis results, real-space strain 

analysis was completed on high-magnification scans of an area from the grain shown in Figure 

4-4a, which exhobits 𝜀-martensite reflections in the SAED pattern. PCA analysis (see Figure 4-
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7b) reveals a thick layer of 𝜀-martensite plates in the middle of the image and thin layers of the 

plates near the bottom of the image, although a two-layer epsilon martensite plate is also 

considered an extrinsic stacking fault [99]. Again, there is a compressive shear strain present in 

the matrix that separates 𝜀 -martensite plates (see Figure 4-7f), but the other real-space 

measurements of the strain perpendicular and parallel to the basal planes (see Figure 4-7d/e) are 

less conclusive. However, it is possible that the low amount of strain measured parallel to the 

planes in the matrix is indicative of relief by thin film preparation and should not necessarily be 

considered a result of adiabatic heating during deformation at high strain rates. 

 

 

 
Figure 4-5: a) High resolution HAADF-STEM image recorded from the same grain shown in 

Figure 4-4b that has only twin reflections in the SAED pattern. This image was recorded on a 

300 kV double-corrected TEAM 0.5 FEI Titan and the slow scan noise has already been 

removed by combining orthogonal scans of the same area [179]. b) Principal component analysis 

results indicate both twinning and hexagonal 𝜀-martensite (ABAB stacking) on neighboring slip 

planes. 
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Figure 4-6: a) High-magnification HR-STEM image recorded from the same grain shown in 

Figure 4-4b with slow-scan noise removed. b) PCA analysis of planar defects (two twins and a 

thin layer of epsilon martensite) present in the image. c) Location of atomic-column positions in 

the [1-10] zone axis with real-space strain analysis of d) strain perpendicular to the basal planes 

in the [111] direction, e) strain parallel to the basal planes in the [112] direction and f) shear 

strains. Blue represents -1% compressive strain and red represents +1% tensile strain. 
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Figure 4-7: a) High-magnification HR-STEM image recorded from the same grain shown in 

Figure 4-4a with slow scan-noise removed. b) PCA analysis of planar defects (only 𝜀-martensite 

in this case) present in the image. c) Location of atomic-column positions in the [1-10] zone axis 

with real-space strain-analysis of d) strain perpendicular to the basal planes in the [111] 

direction, e) strain parallel to the basal planes in the [112] direction and f) shear strains. Blue 

represents -1% compressive strain and red represents +1% tensile strain. 
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4.1.5 Conclusions 

 

• Uniaxial ring expansion is a useful technique to deform steel rings at strain rates on the 

order of 103 /s, and enables the investigation of microstructural evolution after 

interruption at high strain rates. 

• Planar defects in the Fe-25Mn-3Al-3Si steel can allow transmission of partial 

dislocations on non-coplanar glide planes and also effectively impede/trap partial 

dislocation motion on non-coplanar glide planes. 

• Although <110> SAED patterns may indicate the presence of only deformation twinning 

or only 𝜀-martensite plates parallel to the beam direction in a given grain, high-resolution 

imaging reveals that both types of planar defects exist in the same grain, regardless of the 

extra reflections present in the SAED patterns. These results also confirm that both types 

of secondary deformation mechanisms are possible after deformation at high strain rates. 

• PCA analysis of HR-STEM images that have undergone slow-scan noise removal, shows 

that mechanical twinning and 𝜀-martensite exist not only in the same grain, but in some 

cases on neighboring planes and/or are inter-mixed together. When viewed on-edge, 

these planar defects can be as wide as a few tens of nanometers or as thin as a few atomic 

planes. 

• Real-space strain analysis shows that in some cases, compressive strains perpendicular to 

the basal plane and compressive shear strains may provide insight into why partial 

dislocations may be trapped at thin interfaces between the FCC matrix and defect 

boundaries. 
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4.2 Influences of Strain Rate on Mechanical Properties and Deformation Mechanisms of a 

High-Mn TWIP-TRIP Steel 

 

 Continued research involving the Fe-25Mn-3Al-3Si wt% steel focused on measuring 

high strain-rate mechanical properties and investigating the effects of adiabatic heating on 

stacking fault energy and the resulting deformation mechanisms. This section expands on the 

work of Pierce [22] (who identified that TWIP and TRIP mechanisms are present during quasi-

static strain rates) by investigating the influences of strain rate on the deformation mechanisms. 

This section also compares the mechanical properties of full-sized tensile specimens measured 

on the same servo-hydraulic tensile machine, including two specimen thicknesses, to the work by 

Grässel et al. [30] which measured high strain-rate mechanical properties with multiple sample 

geometries and mechanical-testing methods for a steel with the same nominal composition. This 

section also includes detailed discussion of the effect of strain-rate on the thermal and athermal 

contributions to flow stress. 
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4.2.1 Optical Microscopy of Deformed Microstructures 

 

 
Figure 4-8: Optical micrographs of the Fe-25Mn-3Al-3Si alloy a) tested at ̇ =  2x102 /s and 

interrupted at eng. = 0.07, b) tested at ̇ = 2x102 /s and interrupted at eng. = 0.2, c) deformed to 

failure (eng. = 0.62) at ̇ = 2x10-4 /s and d) deformed to failure (eng. = 0.60) at ̇ = 2x102 /s. In 

parts a) and b) grains with multiple variants of mechanical twins and/or hexagonal 𝜀-martensite 

laths are indicated by arrows. All samples etched for 20 s with 10% nital. The tensile axis is in 

the horizontal direction. 

 

 Figure 4-8 shows optical micrographs of the deformed microstructure for interrupted 

and pulled-to-failure tensile tests at various strain rates. For Figure 4-8a, the tensile test at ̇ = 

2x102 /s was interrupted at eng. = 0.07. Although TEM is required to differentiate between 

mechanical twins and/or 𝜀-martensite laths, Figure 4-8a clearly reveals planar defects in a few 

grains and in some instances, multiple variants (as indicated by arrows). After interruption at eng. 

= 0.2 at the same strain rate, (̇ = 2x102/s), planar defects are apparent in most grains (as seen in 
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Figure 4-8b) in conjunction with more frequent instances of multiple variants (as indicated by 

arrows). The micrographs in Figure 4-8c-d originate from areas in the uniformly elongated 

region of the gauge section that are far from the fracture surfaces of tensile samples that were 

pulled to failure. The optical micrographs of microstructures in specimens deformed to failure at 

̇ = 2x10-4 /s and ̇ = 2x102 /s (Figure 4-8c-d, respectively) are qualitatively the same. In general, 

most grains show evidence of planar defects (mechanical twins and/or 𝜀 -martensite laths) 

distributed throughout the entire grain in at least one variant. The accommodation of large 

amounts of engineering strain by multiple slip systems is highlighted by substantial curvature of 

planar features and shearing within each elongated grain. 

 

4.2.2 Influence of Strain Rate and Specimen Thickness on Mechanical Properties 

 

 An important criterion for AHSS design involves maximizing the strain at 

instability, i.e. the amount of uniform strain. This instability is derived from the Considère 

criterion and is defined as the true strain at which the strain-hardening rate is equal to the true 

stress [36][33]. Figure 4-9a shows the representative engineering stress-strain curves for the 0.95 

mm sheet thickness at strain rates in the range of ̇ = 2x10-2 to ̇ = 2x102 /s and Figure 4-9b 

shows the representative engineering stress-strain curves for the 1.15 mm sheet thickness at 

strain rates in the range of ̇ = 2x10-4 to ̇ = 2x102 /s. All engineering stress-strain curves can be 

found in Appendix A (see Figure A-1). Representative true stress-strain curves and 

corresponding strain-hardening rates were calculated from engineering stress-strain values up to 

the point of instability and are shown in Figure 4-10a for the 0.95 mm sheet thickness and in 

Figure 4-10b for the 1.15 mm thick sheet. The true stress-strain values which satisfy the 

instability condition are converted to engineering stress-strain values of ultimate tensile strength 

(UTS) and uniform elongation (UE) and summarized in Figure 4-11 as a function of strain rate. 



 94 

Values of the 0.2 % offset yield strength (YS) and total elongation (TE) from the representative 

engineering stress-strain curves in Figure 4-9 are also summarized in Figure 4-11 as a function of 

strain rate. Figure 4-11a illustrates the behavior of the YS and UTS for the 0.95 mm sheet 

thickness as a function of strain rate, while Figure 4-11c displays the change in YS and UTS as a 

function of strain rate for the 1.15 mm sheet thickness. Figure 4-11b shows the effect of strain 

rate on UE and TE values for the 0.95 mm sheet thickness, while Figure 4-11d demonstrates the 

effect of strain rate on UE and TE for the 1.15 mm sheet thickness. 

 The 0.2 % offset yield strength of the 1.15 mm thick sheet rose continuously from 

306 ± 10 MPa to 503 MPa (a 64 % increase) with increasing the strain rate by 6 orders of 

magnitude from ̇ = 2x10-4 to ̇ = 2x102 /s, (see Figure 4-9b and Figure 4-11c). As for the 0.95 

mm thick sheet, increasing strain rate by 4 orders of magnitude from ̇ = 2x10-2 to ̇ = 2x102 /s 

resulted in an increase of the 0.2 % offset yield strength from 394 ± 18 MPa to 502 ± 10 MPa (a 

27 % increase), as seen in Figure 4-9a and Figure 4-11a. For comparison, the 0.2 % offset yield 

strength of the 1.15 mm thick sheet specimen deformed at ̇ = 2x10-2 /s was 395 MPa, which also 

increased by 27 % from ̇ = 2x10-2 to ̇ = 2x102 /s. Therefore, the different sheet thicknesses had 

no influence on the magnitude of the 0.2 % offset yield strength or the strain rate sensitivity of 

the yield strength.  

 The instantaneous engineering stress at any given strain is >100 MPa higher at a 

strain rate of ̇ = 2x10-2 than at a strain rate of ̇ = 2x102 /s, regardless of sheet thickness (see 

Figure 4-9a-b). Truly quasi-static strain rate tests (̇ = 2x10-4 /s in this case) were only conducted 

with the 1.15 mm thick sheet, as seen in Figure 4-9b, and the results show greater work-

hardening, plus a higher UTS and TE as compared to the ̇ = 2x10-2 /s test of the same sheet 

thickness. The product of strength and elongation (PSE) of the 0.95 mm thick sheet increased 
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from 33,000 MPa·% to 44,000 MPa·% with increasing the strain rate from ̇ = 2x10-2 to ̇ = 

2x102 /s. The same increase in strain rate for the 1.15 mm thick sheet yielded an increase in PSE 

from 44,000 MPa·% to 58,000 MPa·%. As a baseline measurement for PSE comparisons, the 

quasi-static PSE of the 1.15 mm thick sheet is 48,000 MPa·%. Thus, increasing the strain rate 

from ̇ = 2x10-2 to ̇ = 2x102 /s increases the PSE and increasing sheet thickness increases the 

PSE of the Fe-25Mn-3Al-3Si alloy. 

 In the case of the 1.15 mm sheet thickness, Figure 4-9b shows that the flow stress of 

the ̇ = 2x10-2 /s test, for strain values below approximately eng. = 0.2, was greater than for the 

quasi-static test (̇ = 2x10-4 /s). Differences in the strain-hardening rate (shown in Figure 4-10b) 

lead to a slightly smaller TE and UE (by approximately eng. = 0.03) for the test at ̇ = 2x10-2 /s 

and to a slightly larger UTS (by approximately 50 MPa) for the quasi-static tests (̇ = 2x10-4 /s). 

These observations equate to a slight decrease in PSE between ̇ = 2x10-4 /s and ̇ = 2x10-2 /s. 

Within the context of the strain-hardening behavior in Figure 4-10, the lowest value of strain-

hardening rate below true = 0.15 is observed for the tests at ̇ = 2x10-2 /s, regardless of sheet 

thickness. The [quasi-static] test at ̇ = 2x10-4 /s of the 1.15 mm thick sheet has a greater strain-

hardening rate than the test at ̇ = 2x10-2 /s, but a lower yield strength. As strain rate is increased 

from ̇ = 2x10-2 /s to 2x102 /s, the strain-hardening rate between true. = 0.07 and 0.15 increases 

slightly by >200 MPa. However, given the limited number of tensile tests conducted with the 

1.15 mm sheet thickness, strict conclusions should not be drawn from these observations. 

 The average TE increases by less than 10% engineering strain across the entire range 

of strain rates  for the 0.95 mm sheet thickness, as shown in Figure 4-11b. There is little change 

in UE with increasing strain rate up to ̇ = 2x101 /s, and UE decreases between ̇ = 2x101 /s and ̇ 

= 2x102 /s, (see Figure 4-11b). The data for the 1.15 mm thick sheet show that an increase in 
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strain rate from ̇ = 2x10-4 to ̇ = 2x102 /s increases YS significantly and UTS slightly, (see 

Figure 4-11c), whereas UE decreases, (see Figure 4-11d). Between ̇ = 2x10-4 and ̇ = 2x10-2 /s, 

TE decreases slightly and then increases by nearly 10% strain between ̇ = 2x10-2 and ̇ = 2x102 

/s for the 1.15 mm sheet thickness. As seen in Figure 4-11, the average UE and average UTS is 

slightly greater for the 1.15 mm sheet thickness (for tests deformed at the same strain rate: ̇ = 

2x10-2 /s and ̇ = 2x102 /s). However, when one standard deviation is taken into account for the 

multiple tests with 0.95 mm sheet thickness and compared to the 1.15 mm sheet thickness 

results, (which are based on only one tensile test each at ̇ = 2x10-2 /s and ̇ = 2x102 /s), it is 

concluded that UE and UTS do not differ significantly in a statistical manner between the studied 

sheet thicknesses.   

 Figure 4-11b and Figure 4-11d also show that an increase in sample thickness (of 

approximately 10%) increased total elongation by approximately 10% (for tests deformed at the 

same strain rate, ̇ = 2x10-2 /s and ̇ = 2x102 /s). Reduction-in-area was also considered and 

measured at the smallest region of the neck of the fracture point with calipers. Figure 4-12 shows 

reduction-in-area measurements on all tensile samples for both thicknesses. The 1.15 mm thick 

sheet specimens had slightly higher reduction-in-area than the 0.95 mm thick sheet specimens, 

but reduction-in-area measurements on sheet specimens are more difficult than on cylindrical 

samples and can lead to large inaccuracies. In summary of Figure 4-12, quasi-static strain rates 

showed the highest reduction-in-area, but reduction-in-area values for strain rates of ̇ = 2x10-2 /s 

to ̇ = 2x102 /s do not show any significant difference for the same sheet thickness. Therefore, 

the TE, UE and reduction-in-area values suggest that post-uniform elongation and/or more 

diffuse necking (longer necks and/or multiple necks) is more prevalent at higher strain rates.  
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Figure 4-9: Representative engineering stress (MPa) vs. engineering strain curves for the Fe-

25Mn-3Al-3Si alloy when pulled-to-failure at strain rates from ̇ = 2x10-4 /s to ̇ = 2x102 /s, 

based on: a) specimens from the 0.95 mm thick sheet and b) specimens from the 1.15 mm thick 

sheet. 
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Figure 4-10: Representative true stress (MPa) and strain-hardening rate (MPa) vs. true strain for 

the Fe-25Mn-3Al-3Si alloy when pulled-to-failure at strain rates from ̇ = 2x10-4 /s to ̇ = 2x102 

/s, based on: a) specimens from the 0.95 mm thick sheet and b) specimens from the 1.15 mm 

thick sheet. The Considère criterion was used to determine the instability condition, such that 

these true stress-strain curves end at the point where the strain-hardening rate curve intersects the 

true stress-strain curve. 
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Figure 4-11: a) and c) Ultimate tensile strength (UTS) and 0.2 % offset yield-strength (YS) 

values, along with b) and d) total elongation (TE) and uniform elongation (UE) values are 

summarized as a function of strain rate for a-b) 12 specimens from the 0.95 mm thick sheet and 

c-d) 4 specimens from the 1.15 mm thick sheet. Error bars represent one standard deviation. Data 

points without error bars are based on only one pull-to-failure test for that strain rate and sheet 

thickness. 
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Figure 4-12: Reduction-in-area for both sheet thicknesses of all pull-to-failure tests. Error bars 

represent one standard deviation and data points without error bars are based on one pull-to-

failure test. 

 

4.2.3 Micro-Hardness Measurements of Deformed Microstructures 

 

 The micro-hardness was measured for specimens in the as-recrystallized state and 

following both interrupted and pull-to-failure tests to determine if any significant differences 

exist in the material hardness after deformation at different strain rates for the same nominal 

strain. Any differences in the micro-hardness with respect to a change in strain and/or strain rate 

might be attributed to changes in the microstructure, including differences in dislocation density, 

dislocation sub-structure, and the type, spacing, and amount of planar secondary deformation 

activity. The grain size is 21 µm for both sheet thicknesses (1.15 mm and 0.95 mm). The 

hardness of the as-recrystallized 0.95 mm and 1.15 mm thick sheets were 151 ± 15 HV and 160 

± 19 HV, respectively. As no statistically significant difference in micro-hardness for the as-

received microstructures existed, the measurements on both steel sheets are plotted together. 
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Figure 4-13 clearly shows an increase in Vickers micro-hardness with increasing engineering 

strain from approximately 155 HV in the as-received condition to approximately 350 HV after 

pull-to-failure. However, Vickers measurements of all interrupted and pull-to-failure samples do 

not indicate a significant difference in micro-hardness with respect to a difference in strain rate at 

the same nominal level of strain. This could indicate that 1) no significant differences in the 

microstructure exist at different strain rates for the same nominal strain, or 2) that any 

microstructural differences that exist do not significantly influence the hardness.  

 

 

 
Figure 4-13: Micro-hardness measurements completed for all interrupted and pull-to-failure 

samples and plotted as a function of engineering strain, for all strain rates. Error bars represent 

one standard deviation based on an average of all hardness indents made for a given strain rate 

and strain. 

 

4.2.4 Non-Contact Temperature Measurements During Deformation 

 

 Figure 4-14a-b depicts thermal images recorded using a calibrated thermal camera at 

specific time/strain intervals during tensile tests conducted at engineering strain rates of a) ̇ = 2 

x 10-2 /s and b) ̇ = 2 x 101 /s. At both strain rates the temperature distribution in the gauge 
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section was approximately uniform at 0.21 strain. However, the images immediately following 

fracture show that localized heating on the order of 110 °C occurred in a single neck location for 

̇ = 2 x 10-2 /s. In comparison, the temperature distribution of the ̇ = 2 x 101 /s sample shows 

several areas of locally higher temperature as compared to the rest of the gauge section, which 

suggests multiple areas of strain localization. The appearance of multiple regions of strain 

localization was observed in several instances for the ̇ = 2x101 /s and ̇ = 2x102 /s tests, (another 

example is provided in Figure C-1). The average temperature of the localized heat patterns 

registered 26 °C higher as compared to the rest of the uniformly deformed gauge section. The 

appearance of multiple strain localizations at the higher strain rate supports the increase in post-

uniform necking at higher strain rates, whereas reduction-in-area (at the smallest region of a 

neck) is constant with an increase in strain rate from ̇ = 2x10-2 /s to ̇ = 2x102 /s. The fracture 

area of a given test was observed to be significantly hotter than the uniformly elongated gauge, 

as expected for the large energy release associated with the creation of the free surfaces (the 

strain rate in the neck increases because of the localization of strain). A maximum spot 

temperature near the fracture surface was measured to be approximately 160 °C for a tensile 

specimen deformed at ̇ = 2x101 /s. The temperature of such locations most likely exceeded this 

value in some of the tests, but the camera could not accurately record temperature too far outside 

the calibration range of -40 to 150 °C. After fracture, the average sample temperature continued 

to rise slightly by approximately 5 °C. This post-fracture temperature rise may be attributed to 

thermal equilibration of the sample. More heat is likely generated at the mid-thickness of the 

sample than at the free surface during plastic deformation, resulting in conductive heat transfer to 

the free surface during the test. Consequently, the data obtained from the thermal camera may 
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slightly underestimate the average temperature of the specimen at any specific strain/time 

interval during the test, especially for higher strain rates tests. 

 ResearchIRTM software was used to calculate the average surface temperature across 

the entire area of the gauge length, neglecting the necked region and fracture surface, for every 

mechanical test. As sample thickness did not influence temperatures by more than 2 °C for a 

given strain rate, the average temperatures from representative pull-to-failure tests for the 0.95 

mm and 1.15 mm thick sheets are plotted together in Figure 4-14c. Fluctuations in temperature 

measurement after fracture of samples deformed at ̇ = 2x101 and ̇ = 2x102 /s are due to the 

sample moving laterally with the load train outside of the defined area of the stationary thermal 

camera. The sharp increase in specimen temperature at 0.005 s for the tests at ̇ = 2x102 /s is 

because the thermal camera could only record up to 200 fps (a frame captured every 5 ms) so 

only one image was recorded before fracture for the ̇ = 2x102 /s tests as seen in Figure C-1. 

After fracture of the tensile specimen, the average surface temperature along the gauge length, 

neglecting the necked region and fracture surface, was approximately 91±5 C for the tests at ̇ = 

2x102 /s, representing an increase in temperature of approximately 65 C. The increase in strain 

rate from ̇ = 2x101 to ̇ = 2x102 /s resulted in an increase in average temperature of only 6°C, 

which should be proportional to the difference in work put into the sample minus the heat 

dissipated by the grips and surrounding air at the two different strain rates [77]. For the ̇ = 2x100 

/s, ̇ = 2x101 /s , and ̇ = 2x102 /s tests the average temperatures after fracture were 82, 85, and 91 

C, respectively. Under adiabatic heating conditions, the amount of heating is proportional to the 

amount of plastic work [181][77]. As shown in Table 4-1, the area under the engineering stress-

strain curve, based on results in Figure 4-9, increases with increasing strain rate (not including 

quasi-static strain rates where heating is negligible). The expected temperature rise under fully 
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adiabatic conditions was calculated using an accepted formula for estimating temperature rise 

during measured plastic work including a 90 % efficiency in conversion of mechanical energy to 

heat energy and a heat capacity of 0.46 kJ/(kg K) [15][56]. The mass density used in the 

calculations for the Fe-25Mn-3Al-3Si steel is 7.4 g/cm3 [22]. The trend in calculated results is 

consistent with the trend in experimental observations (described in more detail with reference to 

Figure 4-14d) such that the average temperature in the uniformly elongated area increases with 

increasing strain rate. Lastly, the ̇ = 2x102 /s and ̇ = 2x101 /s tests seemed to exhibit a wider 

spread in maximum average temperature across the elongated gauge section (neglecting the 

fracture surface) as compared to the lower strain rate tests.  

 The average surface temperature in the area of uniform elongation is plotted as a 

function of strain for representative curves in Figure 4-14d. The 200/s data is not included in the 

plot, because only one image was recorded before fracture. Figure 4-14d confirms that as strain 

accumulates and strain rate increases, (from ̇ = 2x10-2 to ̇ = 2x101 /s), the average surface 

temperature of the gauge length (where it deforms uniformly) increases. The calculated results in 

Table 4-1, (based on measured plastic work under the assumption of adiabatic heating 

conditions), predict a temperature of 80 °C for the ̇ = 2x100 /s tests, which is consistent with the 

temperature measured right before fracture during the ̇ = 2x100 /s tests, seen in Figure 4-14d. 

Also seen in Figure 4-14d, the specimen temperature curves at ̇ = 2x100 and ̇ = 2x101 /s exhibit 

some overlap, suggesting that near-adiabatic heating conditions are reached for strain rates at or 

greater than ̇ = 2x100 /s. 
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Figure 4-14: a,b) Thermal images recorded at 200 fps by an infrared camera as a function of 

strain, with indicated time stamps corresponding to different strain rates: a) ̇ = 2x10-2 /s and b) ̇ 

= 2x101 /s. The arrows in b) indicate localized hot-spots (multiple necking initiation points) with 

the left-most being the eventual fracture surface. c) Non-contact measurements of the average 

surface temperature along the gauge length are plotted as a function of time for the different 

strain rates for representative pull-to-failure tests. d) Average surface temperature of uniformly 

elongated regions during representative pull-to-failure tensile tests of the Fe-25Mn-3Al-3Si 

alloy. 

 

Table 4-1: Average area under engineering stress strain curves from Figure 4-9 (numerically-

integrated) and predicted [15][56] increase in temperature. 

Strain rate 

(/s) 

0.95 mm thick sheets 

Average (area under 

engineering stress-strain curve) 

and the [predicted temperature] 

under the assumption of 

adiabatic conditions.  

(mJ/mm3) / [°C] 

1.15 mm thick sheets 

Average (area under 

engineering stress-strain curve) 

and the [predicted temperature] 

under the assumption of 

adiabatic conditions.  

(mJ/mm3) / [°C] 

2 x 102 
388 / 94 501 / 122 

2 x 101 354 / 86 -- 

2 x 100 330 / 80 -- 

2 x 10-2 283 / 69 358 / 87 
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4.2.5 Thermodynamic Modeling of Stacking Fault Energy 

 

 A composition- and temperature-dependent thermodynamic model was previously 

developed to predict the SFE of Fe-Mn-Al-Si steels [23]. This model was used in the current 

work to assess the increase in SFE as a function of strain and temperature and the results are 

reported in Table 4-2 and Table 4-3, respectively. The model calculates the SFE on the basis of 

the difference in Gibbs free energy of the face-centered cubic (FCC) and hexagonal close-packed 

(HCP) phases, the interfacial energy between the FCC and HCP phases, as well as the strain 

energy that arises due to a contraction in molar volume of the HCP phase [23]. The exact 

temperature dependence of the FCC/HCP interfacial energy is unknown and for the purposes of 

this calculation, the FCC/HCP interfacial energy of 8.6 mJ/m2 determined at RT for a Fe-25Mn-

3Al-3Si steel of nearly the same actual composition is assumed. However, Cotes et al. [182] 

reported that the FCC/HCP interfacial energy decreases with increasing temperature in binary 

Fe-Mn steels. In addition, the strain-energy term, calculated to be 2.3 mJ/m2 at room temperature 

is also assumed to be independent of temperature in the calculation of the SFE. However, the 

dependence of the strain-energy term on shear modulus, which is reported to decrease with 

increasing temperature in high Mn steels [183], suggests the strain energy term might also 

decrease with increasing temperature. Therefore, the calculated SFEs may slightly overestimate 

the actual SFEs of the material at elevated temperatures. Table 4-2 shows the predicted SFE for 

samples deformed at ̇ = 2x101 /s to various amounts of strain based on three interruption tests 

and one pull-to-failure test. The model predicts that the SFE increases from a RT value of 

approximately 21 [23] to 35.3 mJ/m2 at maximum uniform elongation of a test at ̇ = 2x101 /s 

corresponding to a temperature of 91 C. Table 4-3 shows the predicted SFE for samples 

interrupted at eng. = 0.2 in the strain-rate range of ̇ = 2x10-4 to ̇ = 2x102 /s. An increase of 6 
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orders of magnitude in strain rate from ̇ = 2x10-4 to ̇ = 2x102 /s increases the average specimen 

temperature by only 17 °C and the SFE by only 3 mJ/m2 for two samples interrupted at eng. = 0.2 

and is not expected to significantly change the deformation mechanisms. 

 

Table 4-2: Predicted stacking fault energy with respect to an increase in temperature due to 

adiabatic heating for three interrupted tests & an average temperature of the four pulled-to-

failure tests (average total strain of 0.58) when deformed at the same strain rate. 

Total strain 

(eng.) 

Average temperature in the 

uniformly elongated area 

when deformed at 

̇ = 2 x 101 /s 

(°C) 

Predicted SFE 

 (mJ/m2) 

0.58 91.1 35.3 

0.40 59.9 30.1 

0.18 41.8 27.2 

0.11 37.8 26.6 

 

Table 4-3: Predicted stacking fault energy with respect to an increase in temperature due to 

adiabatic heating when interrupted to eng. = 0.2 at different strain rates. 

Strain rate 

(/s) 

Average temperature in the 

uniformly elongated area 

interrupted to eng = 0.18 

(°C) 

Predicted SFE 

 (mJ/m2) 

2 x 102 43.9 27.6 

2 x 101 41.8 27.2 

2 x 100 39.1 26.8 

2 x 10-2 36.3 26.4 

2 x 10-4 26.7 25.1 

 

4.2.6 TEM for Characterizing Planar Defects in Interrupted Samples 

 

 The onset of strain-induced mechanical twinning and/or 𝜀 -martensite is often 

manifested by the appearance of a change in shape, usually between true= 0.1 and 0.2, of the 

strain-hardening rate versus true strain curve at quasi-static strain rates [12]. Therefore, changes 

in the strain-hardening rate at high strain rates may indicate a difference in twin volume fraction 
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or a change in the strain at which mechanical twinning begins [77] relative to quasi-static strain 

rates. In previous work on this high-Mn alloy using different tensile geometries [30][29][12], 

characterization of the evolution of dislocation structures during deformation at quasi-static 

strain rates indicated a TWIP-dominated behavior, with some evidence of TRIP in the form of 

hexagonal -martensite. As shown in the bright-field TEM micrograph in Figure 4-15, a 

specimen interrupted at eng. = 0.1 tested at ̇ = 2x102 /s in the present work exhibits mechanical 

twinning. The mechanical twins are clearly impeding the glide of other partial dislocations on 

non-coplanar slip systems. Twins and 𝜀-martensite have been reported to form at around eng. = 

0.1 for this alloy at quasi-static strain rates [12], so it is no surprise that the planar defects present 

at eng. = 0.1 are observed to impede motion of leading partial dislocations [99] on different slip 

systems. More importantly, an increase in strain hardening may also arise from a decrease in 

dislocation mean-free-path by an increase in forest dislocation density or decrease in the average 

spacing between planar defects. After interruption at eng. = 0.2 for a specimen tested at ̇ = 2x102 

/s, (see Figure 4-16), both TWIP and TRIP effects are observed on parallel {111} slip systems. 

This observation indicates hexagonal -martensite can still form at high strain rates, despite an 

increase in the SFE due to adiabatic heating. Moreover, the overall message gathered from 

Figure 4-15 and Figure 4-16 is that there are no significant changes in the underlying TWIP-

TRIP mechanisms between ̇ = 2x10-4 /s and ̇ = 2x102 /s because the microstructural evolution 

is similar (TWIP-dominated behavior with some evidence of TRIP in the form of hexagonal -

martensite). These observations will be quantified and discussed in the next section with the 

implication that slight differences in strain-hardening rate for the Fe-25Mn-3Al-3Si (wt%) alloy 

are not associated with a transition from TRIP-dominated to TWIP-dominated behavior, but 

rather due to slight changes in dislocation mean free path. 
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Figure 4-15: The inset selected area electron diffraction pattern (SAEDP) was recorded at the 

[110] zone axis to identify the edge-on planar defects (in this case: deformation twinning) in a 

0.95 mm sheet specimen interrupted at eng. = 0.1 and tested at ̇ = 2x102 /s. By tilting the sample 

slightly off the zone axis, a two-beam condition using a 1 -1 -1 diffracting (g)-vector to provide 

greater defect contrast was created for the bright field image, which highlights the ability of 

some planar defects to impede subsequent partial dislocation motion along other {111}/<110> 

slip systems, as indicated by white arrows. 
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Figure 4-16: In a sample interrupted at eng. = 0.2 at ̇ = 2x102 /s with the 0.95 mm sheet, a) non-

matrix diffraction spots in the [110] austenite SAED pattern (𝜀-martensite is “”, deformation 

twinning is “T” and dd is double diffraction contributed from the {0-11-1} and {01-10} 

hexagonal epsilon martensite reflections [12]). A centered objective aperture was used to form b) 

respective dark-field images and the bright-field image for continuity. Diffraction analysis 

indicates -martensite platelets (left) and deformation twinning (right) are observed after 

interruption at high strain rates. 
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4.2.7 Quantification of Planar Defects 

 

 SEM- and TEM-based characterization techniques were used to quantify the 

thickness and spacing of planar defects in specimens from interrupted tensile tests at different 

strain rates. Although some surveyed grains contained a higher number of planar defects and 

other grains contained fewer planar defects, representative images are shown in Figure 4-17. DF-

TEM measurements of 𝜀-martensite thickness revealed 94% of the population is grouped at 10 

nm and smaller.  Kernel fitting of planar defect thickness distributions acquired by ECCI and 

DF-TEM, seen in Figure 4-18, shows that distributions acquired by ECCI measurements tend to 

miss most of the planar defects that are less than 10 nm in thickness for this alloy. It should be 

noted that ECCI doesn’t differentiate between twins and 𝜀-martensite. As the distributions are 

non-Gaussian, both the average thickness and median thickness for a given distribution are 

reported in Figure 4-19. Table 4-4 indicates an approximately 50% chance of surveying a grain 

which also contained planar defects. The percentage of grains for which mechanical twinning 

and 𝜀-martensite reflections were observed in <101> SAED patterns is also reported in Table 4-4 

and indicates that an increased strain rate results in a modest increase in the fraction of grains 

with twins, but a slight decrease in the fraction of grains containing 𝜀 -martensite. A slight 

decrease (265 nm to 211 nm) in the spacing between twins was observed for higher strain rates, 

as seen in Figure 4-20. However, ECCI and DF-TEM distributions shown in Figure 4-19 and 

Figure 4-20 do not reveal significant trends in the effect of strain rate (̇ = 2x10-4 to ̇ = 2x100 /s) 

on the thickness and spacing of planar defects in samples interrupted at εeng. = 0.18 and 0.17 

engineering strain.  
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Table 4-4: Comparison of SEM- and TEM-based techniques used to survey grains in samples 

interrupted to nominally the same level of engineering strain at different strain rates (̇ = 2x10-4 

/s and ̇ = 2x100 /s). Both tensile specimens were machined from the same 1.15 mm thick sheet. 

*some grains contained both twins and hexagonal 𝜀-martensite platelets. 

 
Characterization techniques to measure # of grains with 

planar defects 

Engineering strain  

and strain rate (/s) 
Bulk samples: EBSD + ECCI 

Thin foil samples: DF-

TEM 

εeng. = 0.18 at ̇ = 2 x 100 /s 

51 % of 37 surveyed grains 

(with <110> orientation and 

optimal channeling 

conditions) contained planar 

defects 

52 % of 23 surveyed 

grains contained planer 

defects* 

52 % of 23 surveyed 

grains contained twinning 

17 % of 23 surveyed 

grains contained epsilon 

martensite 

εeng. = 0.17 at ̇ = 2 x 10-4 /s 

47 % of 34 surveyed grains 

(with <110> orientation and 

optimal channeling 

conditions) contained planar 

defects 

42 % of 24 surveyed 

grains contained planar 

defects* 

38 % of 24 surveyed 

grains contained twinning 

33 % of 24 surveyed 

grains contained epsilon 

martensite 
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Figure 4-17: Representative images of planar defects characterized in specimens of the same 

sheet thickness (1.15 mm) tested at (a-c) ̇ = 2x100 /s and interrupted at eng. = 0.18 and (d-f) 

tested at ̇ = 2x10-4 /s and interrupted at eng. = 0.17. Characterization techniques shown are (a,d) 

ECCI, (b,e) twin reflections selected to form a DF-TEM image and (c,f) 𝜀-martensite reflections 

selected to form a DF-TEM image. Twin and martensite reflections were selected from the same 

SAED pattern and thus the same grain of interest. The differentiation of twinning from 𝜀 -

martensite by DF-TEM is also described in detail in the caption of Figure 4-16. 
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Figure 4-18: Kernel fitting of separate thickness distributions were used to illustrate the 

difference in deviation of a given distribution acquired by multiple imaging techniques for a 

sample interrupted at εeng.= 0.17 during a ̇ = 2x10-4 /s test (1.15 mm thick sheet). 

 

 
Figure 4-19: Quantitative thickness measurements from SEM & TEM techniques based on 

tensile specimens from the same sheet thickness (1.15 mm) interrupted at eng. = 0.18 tested at ̇ 

= 2x100 /s and eng. = 0.17 tested at ̇ = 2x10-4 /s. 
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Figure 4-20: Quantitative spacing measurements from SEM & TEM techniques based on tensile 

specimens from the same sheet thickness (1.15 mm), interrupted at eng. = 0.18 tested at ̇ = 

2x100 /s and eng. = 0.17 tested at ̇ = 2x10-4 /s. 

 

4.2.8 Techniques for Measuring High Strain-Rate Servo-Hydraulic Tensile Properties 

 

 As strain rate is increased from quasi-static and low strain rates (̇ = 10-5 /s to ̇ = 100 

/s) to dynamic-low strain rates ( ̇  = 100 /s to ̇  = 103 /s), dynamic considerations of the 

mechanical resonance in the test specimen and tensile-testing machine become more important 

[150]. Consistent with Meyers’ [150] recommendations on common testing methods, the 

International Iron and Steel Institute [184] also recommends the use of servo-hydraulics to 

evaluate mechanical properties of sheet steels within the strain rate range of ̇ = 10-1 /s to ̇ = 102 

/s. Between ̇ = 101 /s and ̇ = 103 /s, oscillations in the load data are purely due to mechanical 

resonance in the testing setup, for materials which do not exhibit dynamic strain-aging effects. 
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Inertial effects of plastic-wave, shear-wave and shock-wave  propagation are only considered at 

strain rates of ̇ = 103 /s and greater [150].  

 As detailed in section 2.4, the load-ringing amplitude can be minimized by reducing 

the mass between the gauge section and the load measuring device [150][153] or using two 

elastic strain gauges on each side of the grip section [170].  Avoiding the use of extensometers 

for strain measurement and implementing load oscillation reduction procedures are necessary 

steps to evaluate the dynamic tensile properties of next generation AHSS [184]. The present 

work uses titanium grips to reduce mass (between the tensile specimen and load washer) and 

strain gauges to minimize non-linearity in strain measurement, the limitations of which are 

outlined in chapter 3.4. Figure A-4 compares the use of two different methods to minimize 

ringing in stress-strain measurements, but the techniques are not foolproof. Rather, the software-

based method implemented in this work likely underestimates the yield strength and initial 

strain-hardening rates during tests at ̇ = 2x102 /s. Large amplitudes of load ringing during tests 

at ̇ = 2x102 /s and the maximum frame rate of the thermal camera (5 ms per frame) significantly 

reduces the ability to accurately measure stress, strain and adiabatic heating. Simply put, 

mechanical resonance at high strain rates inherently affects data quality, specifically in the initial 

values of strain when the oscillation amplitude from the actuator’s engagement with the test 

specimen is greatest [184]. Therefore, interpretation of any changes in tensile behavior or strain-

hardening rate during low values of strain should be carefully considered during high strain-rate 

tests.  
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4.2.9 Influence of Strain Rate and Adiabatic Heating on Deformation Mechanisms 

 

 High strain-rate testing does not allow sufficient time for heat to diffuse from the 

interior of a tensile specimen to the free surfaces and subsequently be lost to the environment, 

which leads to adiabatic heating [150]. As specimen thickness increases, adiabatic heating may 

also occur at even lower strain rates [150][185]. The evolution of the temperature increase during 

deformation is important since different temperature-dependent deformation modes may be 

activated during a single test. Furthermore, the significant adiabatic heating that may occur at 

high strain rates, along with the effect of strain rate on the thermal component of flow stress, can 

lead to complicated mechanical behavior of TWIP steels. 

 In the current work, a high-speed thermal camera was used to measure the increase 

in specimen temperature as a function of time and thus strain for these tests. The rise in specimen 

temperature from room temperature (23 °C) to 83 °C (average temperature at maximum uniform 

elongation for all tests at ̇ = 2x101) was input into a thermodynamic model which predicted a 

rise in SFE from 21 to 35 mJ/m2 for the Fe-25Mn-3Al-3Si (wt%) alloy. In previous work, the 

influence of SFE on the microstructural evolution and mechanical properties of a Fe-25Mn-3Al-

3Si and a Fe-28Mn-3Al-3Si alloy were evaluated during RT tensile deformation at quasi-static 

strain rates (where adiabatic heating was insignificant) [12]. The measured RT SFE of the Fe-

25Mn-3Al-3Si and Fe-28Mn-3Al-3Si alloys are 21 and 39 mJ/m2, respectively [23]. The Fe-

25Mn-3Al-3Si alloy exhibited both planar and wavy deformation characteristics along with the 

formation of both mechanical twins and 𝜀-martensite. In contrast, the Fe-28Mn-3Al-3Si alloy 

exhibited a greater propensity for cross slip, a more wavy dislocation structure, and mechanical 

twinning was the dominant secondary deformation mechanism with no significant observations 

of 𝜀-martensite formation. It is also notable that in that work, increasing the SFE from 21 to 39 
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mJ/m2 by increasing Mn content reduced strength and ductility only slightly during RT 

deformation [12]. In summary, the largest predicted rise in SFE from adiabatic heating is at high 

strain rates and in the present work is expected to have only a small effect on UTS and UE, based 

on studies of similar Fe-Mn-Al-Si steels with different SFE values. 

 The combined effects of strain rate on dislocation slip and continued refinement of 

the dislocation substructure by planar defects, referred to as the dynamic Hall-Petch effect, are 

important considerations in this work when discerning differences in substructure spacing and 

dislocation mean free paths [78][135]. Micro-hardness measurements were completed on 

samples interrupted and pulled to failure at all strain rates in the present work, but did not show 

any statistically significant difference in micro-hardness at any given strain rate for the same 

nominal strain. Rather, the micro-hardness measurements showed only a statistically significant 

increase in hardness with increasing engineering strain. These results may indicate that the 

microstructure evolution at different strain rates is similar or that any microstructural differences 

that exist do not significantly influence the hardness. 

 Although deformation twinning has been previously confirmed with DF-TEM, 

formation of 𝜀-martensite was not observed as a deformation mechanism in the Fe-25Mn-3Al-

3Si alloy (using XRD and DF-TEM) by Grässel et al., regardless of strain rate. However, recent 

work by Pierce et al. [23], which was conducted at quasi-static strain rates, identified 𝜀 -

martensite with DF-TEM. The present work reports the first observation of both deformation 

twinning and 𝜀-martensite in the same grain taken from samples of the Fe-25Mn-3Al-3Si alloy 

deformed at high strain rates. These results are a strong indicator that the microstructure is 

similar at quasi-static and high strain rates. As has been reported previously, the critical resolved 

shear stress required for a leading partial dislocation to break away from the trailing dislocation 
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is more sensitive to temperature and SFE than strain rate in the context of producing a  large 

effect on the twin volume fraction [15][19]. More importantly, the sensitivity of the flow stress 

to thermally-activated short-range barriers indicates that any change in the volume fraction or 

onset of mechanical twinning caused by high strain rates may not be the main contributor to 

observable changes in work-hardening. The sensitivity of the strain-hardening behavior may 

suggest the main contributing factor to the increased flow stress in the current work at high strain 

rates is related to the dislocation mean free path [19][34] and an increase in flow stress for 

dislocation glide to overcome short-range barriers with increasing strain rate. This explanation is 

more likely than a significant change in the dynamics of mechanical twinning or 𝜀-martensite 

formation, as both planar defects are still observed at low and high strain rates for this alloy.  The 

strain-hardening rate for the tests at ̇ = 2 x 10-2 /s  possess the lowest value at initial stages of 

accumulated strain as compared to all other strain rates, which is consistent with observations by 

Grässel et al. [30]. Lee et al. reported a minimum strain-hardening rate for a strain rate of ̇ = 10-3 

/s at which the critical resolved shear stress (CRSS) of the strain-induced martensite and 

dislocation slip was lower [and favored] as compared to twinning [20]. In the present study, the 

real reason for the low values of strain-hardening rate of the ̇ = 2 x 10-2 /s as compared to those 

at higher strain rates is likely quite complex and most likely dependent on multiple mechanisms 

related to dislocation mobility and planar defect generation.  

 Christian and Mahajan have stated that an increase in strain-rate generally leads to 

an increase in twinning activity [186]. Other researchers have observed twinning after shock 

loading  in FCC materials that do not twin under quasi-static deformation conditions, such as 

aluminum alloys [186]. In another study, microstructural evaluation of an Fe-18Mn-1.22Al-

0.56C alloy showed adiabatic shear banding and twinning after ballistic testing at ̇ = 105 /s 
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[187]. As Steinmetz et al. [77] pointed out, quantifying twin volume fractions is difficult due to 

the heterogeneous nature of grains and the observation that twins may not completely cross the 

full diameter in each grain. Therefore, in the present work careful image processing techniques 

were utilized to quantify all observable features in a given field of view for each imaging 

technique.  The drawbacks of comparing ECCI and DF-TEM techniques are evident due to the 

point-to-point resolution limit of ECCI techniques (~8-10 nm) [176], the characterization of only 

one variant of planar defects in the SAED pattern for a given grain and the limited number of 

observable grains in electro-polished TEM samples. Further, the slight decrease in frequency of 

observed martensite reflections in SAED patterns at higher strain rates (see Table 4-4) could be 

due to either the rise in SFE [23][188][80], (in this case from adiabatic heating) or simply 

because the 𝜀-martensite platelets are too thin to contribute clearly to the SAED pattern [99]. A 

slight decrease in twin spacing with increased strain rate is observed and is consistent with 

observations of an increase in twin volume fraction by others [30][11][54]. In contrast, Steinmetz 

et al. also pointed out that an increase in twinning volume fraction at higher strain rates was 

observed in simulation and experiment, but the contribution to strain-hardening was not 

significant [77]. An important observation in the current work is that TWIP and TRIP effects are 

observed by DF-TEM at all strain rates for the Fe-25Mn-3Al-3Si alloy, which has a room 

temperature SFE of 21 mJ/m2. Thus, there is most likely not a significant change in the dominant 

mechanism within the range of strain rates investigated (from ̇ = 10-4 /s to ̇ = 102 /s).  

 

4.2.10 Effects of Strain Rate and Specimen Thickness on Tensile Properties 

 

 High strain-rate deformation reduces the time for dislocations to overcome short-

range dislocation barriers, which causes an increase in flow stress [68]. Allain et al. reported that 
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the short-range barriers in austenitic steels responsible for the thermal- and strain-rate 

dependence of the yield strength are the sum of contributions from solid-solution and thermally-

activated contributions from a viscoplastic potential [65][190]. As in the present work on Fe-

25Mn-3Al-3Si (wt%), there is a notable strain rate sensitivity of the yield strength. Surprisingly, 

Allain et al. reported that large amounts of Mn [20-30 wt %] and Al [0-3 wt%] contents do not 

play significant roles on the activation volume of thermally dependent barriers to dislocation 

mobility. However, Allain et al. specifically noted that approximately 3 wt % Si has a 

remarkable effect on dislocation mobility by significantly reducing the apparent activation 

volume and mean free path. The activation volume of thermally dependent short-range barriers 

and dislocation mean free path respectively influence the yield strength and work-hardening. 

Previous research on Si-containing TWIP steels revealed a distinct sensitivity in yield strength 

and work hardening at strain rates lower than predicted from work on Fe-Mn-C alloys (steel 

systems not containing silicon) [65][30]. In summary, the increase in flow stress necessary for 

partial dislocations to overcome thermally dependent short-range barriers during dislocation 

glide with increasing strain rate explains the positive strain-rate sensitivity of the yield strength 

in the present work on the Fe-25Mn-3Al-3Si (wt%) steel and is consistent with previous work 

[29][148][65]. 

 A previous study on a Fe-25Mn-3Al-3Si (wt%) steel by Grässel et al. [30] shows 

similar trends in mechanical properties as a function of strain rate, as compared to the present 

study on a steel alloy with the same nominal composition. Specifically, the trends show that with 

increasing strain rate, YS increases significantly, UTS increases modestly and UE decreases 

modestly, as seen in Figure 4-11. Curtze and Kuokkala’s work [68] on a high-Mn TWIP steel 

also showed a positive strain-rate sensitivity for YS and UTS within the same range of strain 
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rates. Lichtenfeld et al. [16] also found increases in YS and UTS and a decrease in UE with 

increasing strain rate for type 309 stainless steel consisting of stable austenite. In the present 

work, an increase in strain rate also increased the PSE, which is consistent with other TWIP steel 

research [30][148][191][145][20][189][21]. Furthermore, PSE values at strain rates of ̇ = 2x10-2 

and ̇ = 2x102 /s are greater for the 1.15 mm sheet thickness than for the 0.95 mm sheet thickness 

in the present work. Previous research corroborates the present work in that the yield strength 

and uniform elongation are independent of sheet thickness [158][156][155][192][193][159]. 

However, post-uniform elongation depends on the stress distribution of the necked region, which 

itself is dependent on specimen thickness for specimens with rectangular cross sections [158]. 

More specifically, Yuan et al. reported that increasing the thickness of specimens with 

rectangular cross sections resulted in longer regions of the neck being exposed to stress levels 

greater than the yield point of the material (X80 steel), ultimately resulting in more diffuse 

necking and greater post uniform elongation [158]. These observations are consistent with 

current work as post-uniform elongation is greater for the 1.15 mm thick sheet as compared to 

the 0.95 mm sheet for samples deformed at the same strain rates (̇ = 2x10-2 and ̇ = 2x102 /s). 

However, observations of all fracture surfaces for both sheet thickness reveal that the fracture 

mechanism is micro-void coalescence (see Figure C-2 and Figure C-3), which indicates ductile 

failure [194]. 

 As seen in Figure 4-11, the YS and UTS strain-rate sensitivities are very similar 

between ̇ = 2x10-2 and  ̇ = 2x102 /s, whereas the UTS strain-rate sensitivity is lower than the 

YS strain rate sensitivity from ̇ = 2x10-4 to ̇ = 2x10-2 /s. Mechanical twins and 𝜀-martensite 

laths develop before eng. = 0.1. The planar defects act as obstacles to partial dislocation motion 

during slip on other glide planes, which increases the work-hardening capacity by reducing the 
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mean free path of dislocations and leads to a higher UTS [12]. As strain increases, the dislocation 

density increases and eventually planar defects develop, which are barriers to dislocation motion 

on non-coplanar slip systems [21][32][80]. As no significant differences in micro-hardness were 

measured with an increase in strain rate for the same nominal strain and both twins and 𝜀-

martensite are observed at the lowest and highest strain rates, the cause of the increase in UTS 

with increasing strain rate is most likely due to a modest decrease of spacing between twins or 

simply because the reduced time for dislocations to overcome short-range dislocation barriers 

causes an increase in flow stress [68]. 

 However, as strain rate increases, UE decreases and TE increases, indicating an 

increased likelihood of strain localizations at lower strains at higher strain rates [196]. Early 

work on the Fe-25Mn-3Al-3Si alloy by Frommeyer [30][62] also measured a decrease in UE 

with an increase in strain rate, which was attributed to specimen softening from adiabatic 

heating, but the heating was not experimentally measured. Further, a significant decrease in YS, 

UTS, UE and TE with increasing environment testing temperature has been observed in work on 

alloys of nominally the same composition [30][22]. With increasing strain rate from ̇ = 2x10-2 /s 

to ̇ = 2x102 /s, reduction in area remains approximately constant but post-uniform elongation 

increases. In the present work, the mechanical test results, in combination with thermal imaging 

that revealed multiple localized regions of greater temperature at strain rates of ̇ = 2x101 /s and ̇ 

= 2x102 /s (see Figure 5 and S 8), suggest that multiple areas of strain localization are occurring 

at the higher strain rates and are contributing to the post uniform elongation. The wider 

difference in temperature for tests at the same strain rate as well as the observation of localized 

heating, which corresponds to strain localizations [77], is consistent with observations by other 

researchers [197][196]. Grässel et al. also observed a large difference in TE and UE (increased 
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post-uniform elongation) at strain rates above ̇ = 10-1 /s for the Fe-25Mn-3Al-3Si alloy [30]. 

Moreover, multiple strain localizations at larger levels of strain and increased adiabatic heating 

are likely the cause of a decrease in uniform elongation with respect to an increase in strain rate.  

 

4.2.11 Conclusions 

 

• The 0.2 % offset yield strength of the Fe-25Mn-3Al-3Si (wt%) alloy increased by 

approximately 64% in the strain-rate range of ̇ = 2x10-4 to ̇ = 2x102 /s.  The positive 

yield-strength strain-rate sensitivity is likely due to an increase in flow stress necessary 

for partial dislocations to overcome thermally dependent short-range barriers during 

dislocation glide with increasing strain rate.  

• The product of [ultimate tensile] strength and [total] elongation (PSE) increases with 

increasing strain rate and sheet thickness. Sheet thickness did not affect the magnitude of 

the yield strength, yield-strength strain-rate sensitivity, or uniform elongation.  

• Increasing strain rate from ̇ = 2x10-2 /s to ̇ = 2x102 /s increased the amount of post-

uniform elongation. As reduction-in-area measurements on the necked regions did not 

change significantly for this range of strain rates, multi-site strain localization is the likely 

mechanism, a conjecture which is supported by localized regions of higher temperatures 

observed by thermal imaging during tests at ̇ = 2x101 and ̇ = 2x102 /s. An increase in 

sheet thickness also increased the post-uniform elongation. 

• The average tensile specimen temperature increased with increasing strain and strain rate 

at rates from ̇  = 10-2 /s to ̇  = 102 /s. The thermodynamic model used to correlate 

specimen temperature with SFE predicts an increase from 21 mJ/m2 at room temperature 
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(23 °C) to ~34 mJ/m2 at 83 C. An increase in SFE of this magnitude is expected to have 

only a small effect on tensile properties. 

• Deformation twinning and 𝜀 -martensite are observed in tensile specimens interrupted 

from quasi-static (̇ = 2x10-4 /s) through low-dynamic (̇ = 2x102 /s) strain rates. ECCI 

and DF-TEM measurements do not reveal a statistically significant effect of strain rate on 

the thickness and spacing of mechanical twins or 𝜀-martensite laths in the Fe-25Mn-3Al-

3Si (wt%) steel. 
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4.3 Characterization of Microstructure Evolution in a Multi-Phase Medium-Mn Steel 

 

 A major aspect of this dissertation focuses on designing an industrially relevant 

multi-phase medium-Mn (Fe-12Mn-3Al-0.05C wt%) steel alloy, based on a prior understanding 

of deformation mechanisms in single-phase high-Mn steels and resulting high strain-rate 

behavior. The single-phase high-Mn steel has an austenitic stacking fault energy (SFE) of 21±3 

mJ/m2, which promotes a combination of deformation mechanisms at quasi-static strain rates. 

The primary mechanism is dislocation glide, but secondary mechanisms such as twinning-

induced plasticity (TWIP) and transformation-induced plasticity (TRIP), in the form of 𝜀 -

martensite formation, contribute to strength by impeding dislocation motion. A medium-Mn steel 

was designed such that the austenite phase, now a minor microstructural constituent, possessed a 

SFE similar to that of the single-phase high-Mn austenitic steel (~ 21 mJ/m2). Alloy design 

inherently focused on reducing alloying content to decrease cost and increase weldability, but 

still maintain an appropriate combination of strength and ductility, useful for forming complex 

automotive parts. As intercritical annealing is one of the most important steps in the medium-Mn 

alloy design process, the effect of annealing time (at the same annealing temperature) on 

microstructure, mechanical properties and deformation mechanisms was investigated. The 

characterization of a multi-phase medium-Mn steel is particularly challenging as the austenite is 

ultrafine in size (<500 nm) and the majority of the microstructure is martensite and ferrite, which 

is ferromagnetic and thus increases the difficulty of TEM analysis. As the room-temperature SFE 

of the austenite depends on its local phase composition, energy dispersive spectroscopy (STEM-

EDS) and atom probe tomography (APT) were used to quantify the compositions of the 

ultrafine-grained (UFG) austenite after intercritical annealing. 
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4.3.1 Considerations in Alloy Design 

 

 As detailed in section 2.3, the types of third generation AHSS capable of achieving 

desired mechanical properties with significantly less alloy content than second generation AHSS 

include medium-Mn steels, lightweight steels and quenched & partitioned TRIP steels [1][2]. A 

steel with a multi-phase microstructure produced with Mn contents between 3 and 15% can 

balance both cost and desired mechanical properties. Medium-Mn steels generally exhibit a 

martensitic microstructure after hot and cold rolling, but intercritical annealing in the + phase 

field produces ultrafine-grained (UFG) reverted austenite and ferrite, with an equilibrium volume 

fraction of reverted austenite that ranges between 20 and 50% [39]. Multiple annealing times 

were used to investigate the microstructural evolution in the context of phase fraction and 

equilibrium phase composition.  

 The medium-Mn steel was cold-rolled to produce a fully deformed martensitic 

microstructure (see Figure D-1) and the average Vickers micro-hardness value was 390 HV, 

(average of 7 indents measured with a load of 2 kg). By means of dilatometry (10 °C/s heating 

rate and sample dimensions of 9 x 4 x 1.7 mm3) the Ac1 and Ac3 temperatures (lower and upper 

temperature bounds of the austenite+ferrite phase field) were determined to be 512 °C and 792 

°C, respectively. Following intercritical annealing of the fully deformed martensitic 

microstructure at 585 °C, Thermo-Calc® software predicts an equilibrium austenite volume 

fraction of 0.44 and an austenitic SFE of 21 mJ/m2 at room temperature (see Figure 4-21) with an 

equilibrium austenite composition of Fe-20.8Mn-2.1Al-0.11C (wt%) (see Figure D-2) and an 

equilibrium ferrite composition of Fe-4.9Mn-3.7Al-0.001C (wt%). 
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Figure 4-21: Thermo-Calc® predictions of austenitic SFE and volume fraction of austenite at 

room temperature plotted as a function of intercritical annealing temperature for a Fe-12Mn-3Al-

0.05C (wt%) alloy. * Corrections  to Thermo-Calc® predictions were introduced to compensate 

for the formation of fresh athermal martensite during cooling as described in [39], i.e. the 

inflection point in austenite volume fraction occurs when the Ms temperature becomes greater 

than room temperature.  
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4.3.2 Effects of Intercritical Annealing Time on Phase Fractions and Grain-Size Areas 

 

 
Figure 4-22: EBSD maps of image quality and phase, (blue is -Fe and green is -Fe), of the Fe-

12Mn-3Al-0.05C (wt%) alloy presented in the following conditions: a) cold-rolled, b) annealed 

for 0.5 h at 585 °C and c) annealed for 8 h at 585 °C. 

 

In Figure 4-22a, a fully deformed martensitic microstructure is observed after cold-rolling 

as indicated by the lath-shaped grains (elongated in the rolling direction) and dark image quality 

(high dislocation density). After intercritical annealing the cold-rolled material for 0.5 h at 585 

°C, a small decoration of austenite [-Fe] is observed (as seen in Figure 4-22b) which provides 

insight into initial stages of the austenite reversion process. After increasing annealing time to 8 

h, a significant amount of -Fe is present throughout the microstructure, seen in Figure 4-22c, 

and is ultrafine in grain size. Figure D-3 provides another comparison of the microstructures 

produced with 0.5 h and 8 h of annealing time. Based on variations in the location of austenite 

observed in Figure 4-22b, not all nucleation sites have completely developed after 0.5 h of 

annealing time at 585 °C.  
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Figure 4-23: XRD measurements [with a Cobalt x-ray source] of the a) cold-rolled condition and 

b) after intercritical annealing for 48 h at 585 °C. c) Dilatometer measurements of the Fe-12Mn-

3Al-0.05C (wt%) alloy intercritically annealed at 585°C for 48 h. d)  volume fraction measured 

with XRD and EBSD and e)  and  average grain-size areas, measured with EBSD, are plotted 

as functions of intercritical annealing time at the intercritical annealing temperature (585 °C). 

 

As seen in Figure 4-23a, the XRD profile of the cold-rolled material indicates a strongly 

textured martensitic microstructure, which is expected for a fully deformed material prior to 

annealing steps. Typically, alpha-Fe powder-XRD samples show the highest intensity in the 

peaks corresponding to (110) planes. The multiplicity of (110) planes is twelve, while the 
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multiplicity of (200) planes is six. Besides multiplicity, structure factor contributes to differences 

in peak intensity ratios for powder-XRD samples and depends on atomic scattering factor for 

allowable diffraction peaks. The scattering amplitude from a neutral atom also depends on the 

Bragg angle (assuming the same atomic number). In powder-XRD measurements, the (200) 

planes have a peak intensity of 11% (compared to (110) planes deemed as 100%) when 

measured for pure alpha-Fe [198]. However, in the fully deformed martensitic microstructure, 

the (211) and (200) peak intensities were approximately 15% greater than the (110) peak 

intensities, therefore confirming a strong texture in the microstructure. After intercritical 

annealing for 48 h at 585 °C, austenite peaks appear with strong intensity (see Figure 4-23b) but 

ferrite/martensite peaks still possess the higher intensities. Also after annealing for 48 h at 585 

°C, a decrease in sample length as measured via dilatometry (see Figure 4-23c) is observed and 

is attributed to the denser packing fraction of austenite as compared to that of ferrite/martensite. 

As the (211) and (200) peak intensities of the alpha phase are still greater than the (110) 

ferrite/martensite peak intensities after annealing for 48 h at 585 °C (Figure 4-23b) it can be 

inferred that most of the alpha microstructure that remains is still relatively textured. XRD 

measurements of all annealing times (0.5 h, 8 h and 48 h) show the presence of ferrite/martensite 

and austenite peaks, but no evidence of hexagonal 𝜀-martensite peaks. An increase in annealing 

time from 0.5 h to 48 h increases the austenite volume fraction from 3 to 40 % and average 

grain-size area of reverted austenite from 0.06 µm2 to 0.68 µm2, as shown in Figure 4-23d-e. 

Grain-size area rather than grain size diameter, measured with EBSD using a 30 nm step size,  is 

used in this case because diameter is a better choice for equiaxed grains, but not for elongated or 

plate-like grains. The grain size area of alpha-Fe decreases with increasing annealing time from 

0.5 h to 8 h, indicating some of the parent martensite has not only reverted to austenite, but has 
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partially recrystallized to create UFG ferrite. However, the average grain-size area of alpha-Fe 

increases slightly from 79 to 95 µm2 when increasing annealing time from 8 to 48 h. This is a 

likely indication that after 8 h of annealing time, nucleation processes of UFG ferrite and UFG 

austenite are near completion and growth processes dominate. However, average grain-size area 

does not tell the full story. The distributions of each grain-size area for each phase at a given 

annealing time give more insight into the reversion process. 

 

 
Figure 4-24: Corresponding grain-size area distributions, (x-axis plotted in log scale), of a) the 

fully deformed martensitic microstructure produced by cold-rolling, b) all phases present after 

intercritical annealing for 8 h at 585 °C and the differentiated grain size areas for given phase 

fractions of c) -Fe and d) -Fe. 

 

The cold-rolled material (composed of deformed martensite) exhibits a singular 

distribution in grain size area (see Figure 4-24a) with a sharp peak at 577 µm2 and an average of 

635 µm2. After intercritical annealing for 8 h at 585 °C, the same sharp peak in grain size area 

shifts from 577 to 79 µm2 (see Figure 4-24b of grain size area for all phases) but other grain size 
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area peaks also appear. Specifically, for the distribution of only ferrite/martensite (see Figure 4-

24d) a smaller peak at 3.6 µm2 indicates the nucleation and growth of UFG ferrite. Also, the 

austenite distribution after 8 h of annealing time has an average grain-size area of 0.46 µm2, with 

the mode of that distribution/peak being 0.3 µm2, as seen in Figure 4-24c.  

 

 
Figure 4-25: EBSD maps are provided for the a/b/c) cold-rolled condition and d/e/f/g) after 

annealing for 0.5 h at 585 °C. Separate maps are shown for a/d) kernel average misorientation, 

b/e) image quality, phase and grain boundaries, c/f) image quality and ferrite/martensite IPF and 

g) image quality and austenite IPF.  
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Figure 4-26: Outlined regions in Figure 4-25 (dashed and solid box outlines), are respectively 

magnified. Separate maps are shown for a/d) image quality, phase and grain boundaries, b/e) 

image quality and ferrite/martensite IPF and c/f) image quality and austenite IPF. 

 

Figure 4-25 highlights the early stages of indirect competition between martensite 

recovery, UFG ferrite recrystallization and UFG austenite reversion. When comparing Figure 4-

25a and Figure 4-25d, the kernel average misorientation (KAM) intensity is clearly greater in the 

cold-rolled condition (Figure 4-25a) compared to the annealed-for-0.5 h condition (Figure 4-

25d). The KAM intensity is directly related to the location and localized misorientation 

distribution of high angle grain boundaries in the microstructure (purple lines in Figure 4-25b 

and Figure 4-25e). Figure 4-25c and Figure 4-25f compare the inverse pole figure (IPF) 



 136 

orientation maps of ferrite/martensite before and after annealing for 0.5 h and indicates that the 

textured parent martensitic microstructure (coarse in size) remains. Further, the image quality is 

clearly improved after annealing for 0.5 h (the image quality is darker in the cold-rolled 

condition and is easier to compare them in Figure 4-22a-b) which indicates recovery of the 

martensite, synonymous with a decreased dislocation density. Outlined regions in Figure 4-25f, 

respectively shown in Figure 4-26b and Figure 4-26e, reveal the presence of ultrafine ferrite 

grains, which provides evidence to support that in some cases the martensite not only recovers, 

but also recrystallizes to form UFG ferrite. Finally, in the same outlined regions, Figure 4-26c 

and Figure 4-26f, reveals ultrafine grains of austenite, notably in locations neighboring the UFG 

ferrite grains, which confirms the reversion process of UFG austenite has begun after annealing 

for only 0.5 h. Figure D-4 provides another comparison of nucleation sites of austenite (along 

prior-austenite grain boundaries and parent-martensite lath boundaries). 
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Figure 4-27: Fe-12Mn-3Al-0.05C (wt%) annealed for 8 h at 585 °C. EBSD maps with a) image 

quality, phase and grain boundaries, b) image quality and ferrite/martensite IPF and c) image 

quality and austenite IPF. 
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Figure 4-28: Outlined regions in Figure 4-27 (dashed and solid box outlines), are respectively 

magnified. Separate maps are shown for a/d/g) image quality, phase and grain boundaries, b/e/h) 

image quality and alpha-Fe IPF and c/f/i) image quality and gamma-Fe IPF. 
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 As seen in Figure 4-27a-c, after 8 h at 585 °C the austenite reversion process has 

proceeded much closer to equilibrium since all of the coarse-sized parent martensite grains show 

evidence of UFG austenite reversion. The outlined area near the top of Figure 4-27a-c (seen in 

Figure 4-28a-c) is likely a triple-point of prior-austenite grains created during the early 

homogenization step of the thermo-mechanical processing. More importantly, this area (Figure 

4-28a-c) shows that austenite grains reverted near a triple-point of the prior austenite, are 

randomly oriented since the IPF map in Figure 4-28c shows UFG austenite manifested by a 

nearly random distribution of IPF orientations. Prior-austenite is the austenite stable at high 

temperatures during homogenization and the cold-rolled martensite is termed the parent. Also, 

Figure 4-28c shows that most of the UFG austenite is relatively equiaxed and more notably, 

Figure 4-28a-c provides evidence that UFG ferrite is present near the equiaxed and randomly 

oriented UFG austenite. Figure 4-28f shows the austenite reverted in the middle of a parent 

martensite grain, specifically in a parent lath. The austenite morphology appears less equiaxed in 

shape and far less randomly oriented compared to that in Figure 4-28c. Figure 4-28f shows rod-

like or plate-like austenite grains that stand alone whereas most austenite grains are elongated 

grains strung together, both of which can be distinguished by the location of high- and low-angle 

grain boundaries in Figure 4-28. Further, Figure 4-28g-i highlights an area of a parent-parent 

grain boundary, which reveals an extremely textured austenite orientation as evident by similar 

IPF color (near <110>). There are many austenite rods oriented in the same direction, but also a 

group of relatively equiaxed austenite grains with the same orientation and low angle austenite-

austenite grain boundaries. An overall observation noted in Figure 4-27 and Figure 4-28 is that 

the vast majority of dissimilar phase boundaries (austenite-ferrite or austenite-martensite) are 

high angle in nature (15° misorientation or greater). However, boundaries between the same 



 140 

phase (austenite-austenite) vary between low-angle (x < 15°) and high-angle (x > 15°) 

boundaries which is, of course, dependent on relative orientation differences, but also depends on 

the location in the parent microstructure. 

 

4.3.3 Measurements of Chemical Compositions After 0.5 h of Intercritical Annealing 

 

 In the case of samples annealed for 0.5 h (only ~ 3% austenite present) a site-specific 

FIB lift out (Figure 4-29a) was necessary for APT sample preparation in order to capture the 

early stages of austenite reversion. Figure 4-29b shows an EBSD phase- and grain-boundary map 

that identified a row of locations containing UFG austenite, which is ideal for a rectangular FIB 

liftout. Figure 4-29c-d confirms that in some locations, UFG ferrite neighbors the UFG austenite. 

The rectangular FIB liftout was sectioned onto posts and each sectioned chunk of material was 

concentrically milled to create a needle geometry, taking care to mill away the protective Pt layer 

so that the top of the needle is closest to the surface viewed in the EBSD scan. Three successful 

APT measurements collected 150, 360 & 370 million ions (respectively labeled with star-1, star-

2 and star-3 in Figure 4-29b) the results of which are shown in Figure 4-30, Figure 4-31 and 

Figure 4-32. Figure 4-30a shows a decoration of 14 at.% Mn iso-surfaces that appear to be linear 

defects and lead one to infer that this area is from the recovered martensite, as is consistent with 

the needle location denoted in Figure 4-29b (star-1). Figure 4-30b-c reveals interesting results 

such that the locations of Mn and C ions are the mostly the same, indicating co-segregation, plus 

some boundaries in the triple point are carbon-rich whereas others are carbon depleted. Further, 

Figure 4-30b-c indicates that the austenite reversion process in the ultrafine Mn-enriched grain is 

not equilibrated as seen in the variation of concentration in normalized at.% maps. Figure 4-31a 

depicts a Mn-rich austenite grain near the top of the APT needle with many unique features. 
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Mainly, the overall Mn composition (Figure 4-31b) is close to the equilibrium predicted for 

austenite by Thermo-Calc® for this annealing temperature (22.5 at.% Mn is approxiamtely 22 

wt% Mn), but there is still some variablility in Mn content throughout the grain. Quantitative C 

concentration maps of the bent boundary at the bottom of the austenite grain (Figure 4-31c) 

shows evidence of a capillary effect in that the bent boundary is carbon enriched while the top 

boundary is carbon poor. Other variability in C content is attributed to crystallographic effects 

(poles) on the right side of the austenite grain, seen in the APT reconstruction. Figure 4-31d 

reveals two C-enriched regions (about 9 nm in diameter) located near a decoration of Mn-rich 

linear defects with C and Mn concentrations (Figure 4-31e) far above the values predicted by 

thermodynamic calculations for the local equilibrium (LE) between ferrite and austenite. The 

origin of these austenite embryos will be discussed later in the context of the early stages of Mn 

and C co-segregation. The final APT reconstruction from the sample annealed for 0.5 h at 585 °C 

(Figure 4-32) contains an austenite grain with a composition similar to the equilibrium predicted 

by Thermo-Calc® and less variability in Mn content, (only the bottom boundary of the grain is 

carbon enriched). The position of the austenite grain (top of the needle) is consistent with the 

location from which the milled FIB post originated (UFG austenite grains near the center of the 

star-3 box). Finally, given the orientation of the low angle boundaries farther down the needle 

and the decoration of Mn-enriched linear defects, the rest of the needle likely contains two 

neighboring recovered martensite laths (from top to bottom the APT needle contains UFG 

austenite, UFG ferrite, martensite lath and another martensite lath).  
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Figure 4-29: a) Secondary electron image shows the protective Pt layer for site-specific liftouts. 

Such a region was based on a prior EBSD scan and the respective maps of: b) image quality, 

phase and grain boundaries, c) image quality and ferrite/martensite IPF and d) image quality and 

austenite IPF indicate the presence of both UFG ferrite and UFG austenite. Stars labeled 1, 2, & 

3 in b) are used to identify the original locations of APT needles, with data presented 

respectively in Figure 4-30, Figure 4-31 and Figure 4-32. 
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Figure 4-30: a) Mn ions displayed from an APT run of 1.5 x 108 ions from a sample annealed for 

0.5 h at 585 °C. The quantitative maps b) Mn and c) C of the triple-point boundary provide 

evidence of co-segregation within a given ultra-fine austenite grain. 

 

 
Figure 4-31: a) Mn ions displayed from an APT run of 3.6 x 108 ions from a sample annealed for 

0.5 h at 585 °C. The quantitative maps b) Mn and c) C of the bent boundary at the bottom of the 

austenite grain show evidence of a capillary effect. d) The highlighted region does not display 
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ions, only iso-surfaces of Mn and C, and reveals the presence of austenite embryos about 9 nm in 

diameter, which are extremely rich in C and Mn as seen in the e) proxigram profile. 

 

 
Figure 4-32: a) Mn ions displayed from an APT run of 3.7 x 108 ions from a sample annealed for 

0.5 h at 585 °C. The quantitative map of b) Mn of the APT tip reveals an austenite grain with a 

Mn content consistent with equilibrated values as predicted by Thermo-Calc®. The c) line 
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profile through the upper half of the APT needle indicates a ferritic region strongly depleted in 

Mn near the austenite grain and i/ii) spikes in Mn concentrations at given ferrite-martensite 

boundaries. 

 

 To further investigate compositions in samples annealed for 0.5 h at 585 °C, a FIB 

liftout sample (Figure 4-33) was analyzed using STEM. Bruker Esprit software was used to 

record energy dispersive spectroscopy (EDS) hypermaps in STEM mode operating at 200 kV. It 

should be noted that in the context of Thermo-Calc® predictions, (Fe-12Mn-3Al-0.05C wt% 

bulk composition and annealed at 585 °C), equilibrated Mn concentrations in austenite should be 

~ 22 wt% Mn, which is synonymous with the green color of the rainbow scale in a quantitative 

Mn hypermap that ranges from 0-40 wt%. Figure 4-33b-e indicates many instances of austenite 

grains with near equilibrium concentrations of Mn. However, there is still some variability in 

some of the observed austenite embryos (as high as 34.1 wt% Mn) as well as differences in the 

Mn content of the surrounding matrix (as low as 8.5 wt% Mn near the austenite grains and as 

high as 12.6 wt% Mn far from the austenite grains), which is a trend consistent with the line 

profile of the APT reconstruction in Figure 4-32, (a gradient from low to medium Mn 

concentrations). 
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Figure 4-33: FIB liftout of a sample annealed for 0.5 h at 585 °C, viewed in the rolling direction, 

as indicated in a) the BF-TEM image. b) The quantitative Mn hypermap indicates a decoration of 

a Mn-enriched UFG phase (austenite). Outlined regions (solid boxes) are magnified in c) and d) 

and include quantitative hypermaps of 0-95 wt% Fe, 0-40 wt% Mn, and 0-5.2 wt% Al, with spot 

analysis results of Mn contents indicated. c) and e) indicate a large variability in Mn 

concentration of the  and /' and phases. 

 

4.3.4 Measurements of Chemical Compositions After 8 h of Intercritical Annealing 

 

 The distribution of austenite grains is widespread throughout samples annealed for 8 

h at 585 °C (see Figure 4-27) so the FIB liftout was randomly selected in terms of location. A 

consistent trend observed in APT needles from the 8 h heat treatment is an equilibrated Mn 

content in the constituent phases (no observed gradients). Also, Al contents are consistently 

lower in both phases, as compared to Thermo-Calc predictions, but the relative comparison 

between the austenite and ferrite is consistent with the theory, i.e. Al depletion in austenite and 

Al enrichment in ferrite during the reversion process [199]. Further, a study by Dmitrieva et al. 

[200] mentioned ions that are field evaporated between voltage/laser pulses may lead to errors in 

composition measurement due to preferential field evaporation of some elements and is 

specifically dependent on laser energy. As depicted in Figure 4-34, the 150-million-ion APT-run 

consists of an ultrafine austenite grain with an equilibrated Mn concentration that matches 

Thermo-Calc® predictions and the neighboring phase matches the Mn concentration predicted 

for ferrite. Furthermore, carbon-enriched and carbon-depleted interfaces are still observed at the 

two austenite-ferrite boundaries, indicating the local C content may play a significant role in the 

local equilibrium model of a moving interface between austenite and ferrite even after 8 h of 

annealing time at 585 °C. Figure 4-35 shows another APT reconstruction from a sample 

annealed for 8 h, which again reveals equilibrated Mn concentrations that match Thermo-Calc® 
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predictions and also the presence of carbon-enriched and carbon-depleted interfaces (in this case 

at a triple-point junction). 

 

 
Figure 4-34: Quantitative maps of a) Mn ions and b) C ions from an APT run of 1.5 x 108 ions 

from a sample annealed for 8 h at 585 °C. The c) Mn & Al ions displayed and cylinder profile 

marked in c) provides quantitative compositional measurements across a d) - boundary. The 

composition of   was determined to be Fe-7.4Mn-1.6Al-0.19C (at.%)/Fe-7.4Mn-0.77Al-0.04C 

(wt %) and for  is Fe-22Mn-0.83Al-0.49C (at.%)/Fe-22Mn-0.4Al-0.11C (wt%). 
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Figure 4-35: a) Mn ions displayed from an APT run of 2.7 x 108 ions from a sample annealed for 

8 h at 585 °C. The quantitative maps of b) C and c) Mn are provided for the entire APT tip. d) 

Location of cylinder profiles near the triple point GB reveal e) and f)  - boundaries of differing 

characteristics (enrichment and depletion of carbon). 

 

 Convergent beam electron diffraction (CBED) analysis in the TEM was successful 

for electropolished disc samples annealed for 8 h at 585 °C, as seen in Figure 4-36a-c, which 

confirms the presence of UFG ferrite in close proximity to UFG austenite. Line-scan results 

across ferrite and austenite grains (Figure 4-36d) yields Mn and C contents nearly identical to 

Thermo-Calc® predictions for austenite and ferrite. The Al contents for both the ferrite and 

austenite grains are lower than predicted, but the relative comparison between the two ultrafine 

grains is consistent with the theory that austenite becomes depleted in Al and ferrite becomes 

enriched with Al during the reversion process. However, because of the absorption of Al  X-rays, 

the absolute values of Al content can be underestimated and vary with the elevation angle of 

EDS detectors and path length in the sample towards the detector [201][202]. As austenite grains 

were preferentially electropolished (see Figure 4-37b) Mn/Fe K peak ratios from spot analyses 

(displayed in Figure 4-37a) were useful for phase identification to negate thickness effects. 

Mn/Fe K peak ratios are ~3 times greater in the  phase as compared to the  phase. Similar to 

observations in EBSD scans (see Figure 4-27), various morphologies of austenite (equiaxed and 

rod-shaped) are observed in electropolished TEM samples viewed in the normal direction (see 

Figure 4-37 and Figure 4-38). To understand the morphology viewed in the rolling direction, a 

FIB was used to liftout a specimen orthogonal to the normal direction and thinned so that the 

viewing direction is orthogonal to the rolling direction (Figure 4-39). The BF-TEM image in 

Figure 4-39a complements the observations from EBSD measurements (Figure 4-27), such that 

austenite grains appear to be equiaxed, strung together and also rod-like/plate-like. FIB liftouts 
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also mitigate the limitations imposed by selective electropolishing and reduce the ferromagnetic 

mass, compared to self-supporting discs. STEM-EDS maps from a FIB liftout yielded area 

fractions of 35% austenite in a sample annealed for 8 h at 585 °C (viewed in the rolling 

direction) which matches EBSD measurements of phase fraction for that annealing time. FIB 

liftouts also allow composition profiles to be obtained at near edge-on phase boundaries in flat 

samples, as shown in Figure 4-40d. Such profiles are nearly identical to APT results (see Figure 

4-34d and Figure 4-35e/f) in that equilibrated compositions are observed at a distance of 6 nm or 

less from the interface. While STEM-EDS offers high-resolution mapping of tens of grains at a 

time in a given FIB liftout specimen, 3D APT offers improved spatial resolution for 

measurements of composition profiles across UFG austenite-ferrite boundaries. 

 

 
Figure 4-36: 200 kV CBED patterns were used to identify a) ferritic [] and b) austenitic [] 

grains shown in c) the BF-TEM image of a sample annealed for 8 h at 585 °C. d) A line scan 

across   and  grains highlights normalized differences in Fe, Mn & Al (wt%). Error bars are 

based on 3 sigma values reported in the Esprit software for this specific spectrum deconvolution. 
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Figure 4-37: a) spectra from spot-EDS marked in b) the STEM-HAADF image, which 

distinguishes between  and  phases via Mn/Fe K peak ratios. The quantitative hypermaps of a 

sample annealed for 8 h at 585 °C  c) 0-95 wt% Fe, d) 0-40 wt% Mn, and e) 0-5.2 wt% Al, 

indicates a  phase [Fe-20.8Mn-1.2Al (wt%)] enriched in Mn and depleted in Fe and Al. 

 

 
Figure 4-38: Mn/Fe K𝛼 peak ratios from spot-EDS marked in a) the STEM-HAADF image of a 

sample annealed for 8 h at 585 °C. The quantitative hypermaps b) 0-95 wt% Fe, c) 0-40 wt% 

Mn, and d) 0-5.2 wt% Al, indicates a  phase [Fe-19.9Mn-0.9Al (wt%)] enriched in Mn and 

depleted in Fe and Al, compared to the  phase [Fe-7.4Mn-1.5Al (wt%)]. e) 200 kV CBED 

patterns were used to identify an austenite grain shown in f) the BF-TEM image. 
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Figure 4-39: FIB liftout of a sample annealed for 8 h at 585 °C viewed in the rolling direction as 

indicated in the a) BF-TEM image. b) The quantitative Mn hypermap indicates UFG austenite 

(green grains with ~ 21 wt% Mn) that either are rod-like or equiaxed and strung together. The 

purple highlighted square region is viewed in c) the inset BF-TEM image, which shows a near 

edge-on boundary between austenite and ferrite (determined in part b). 
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Figure 4-40: The near edge-on boundary marked by the dashed box in Figure 4-39c was further 

analyzed by STEM-EDS. Quantitative hypermaps of a) 0-95 wt% Fe, b) 0-40 wt% Mn, and c) 0-

5.2 wt% Al. A d) linescan (location denoted in part b) indicates equilibrated concentrations (lack 

of significant gradients) approximately 6 nm away from the interface. Error bars are based on 3 

sigma values reported in the Esprit software for this specific spectrum deconvolution.  

 

4.3.5 Competing Factors During Evolution of a Multi-Phase Microstructure 

 

 

 In the present work on a Fe-12Mn-3Al-0.05C (wt%) steel, the low carbon content (< 

0.05 weight%) does not provide a high chemical driving force for the formation of cementite. 

Specifically, Thermo-Calc® predicts a cementite mole fraction of 0.001 with an equilibrium 

composition of Fe-70Mn-6C (wt%) for an intercritical annealing temperature of 500 °C, but no 

cementite stability above 500 °C. During intercritical annealing at 585 °C, the first austenite 

nuclei identified with APT (see Figure 4-31) in samples annealed for 0.5 h possess C and Mn 

concentration (Fe-60Mn-10C at.% / Fe-64Mn-2.3C wt%) far above the values predicted by 

thermodynamic calculations for the local equilibrium (LE) between ferrite and austenite. Further, 

a consistent observation from APT results in the present work is the identification of carbon-



 155 

enriched austenite-ferrite boundaries, which Luo et al. [107] and Seo et al. [203] also observed in 

time- and space-dependent simulations using a Thermo-Calc® module (DICTRA). Seo et al. 

[203] observed carbon-rich austenite-martensite interfaces in APT measurements of quenched-

and-partitioned FeMnC steels. STEM-EDS results from samples annealed for 0.5 h (see Figure 

4-33) reveal an inhomogeneous distribution of UFG austenite and Mn-enriched austenite nuclei 

(a range from 21 to 34 wt% Mn). Figure D-5 and Figure D-6 provide SEM and TEM 

observations of austenite grains and nearby particles that are not etched or electropolished. Upon 

additional interrogation with STEM-EDS (see Figure D-7) it appears that some of these particles 

are a type of Mn-rich carbide, some of which have already transformed to embryonic austenite, 

or at least some of the particle compositions match Thermo-Calc® predictions of austenite 

composition. These results indicate that the parent martensite may be supersaturated with Mn 

(Mn is an austenite stabilizer) and upon quenching and cold-rolling, the excess Mn produces Mn-

rich carbides that later form some of the austenite embryos. Recent DICTRA simulations show 

that the initial austenite during early stages of nucleation has a much higher Mn content 

compared to equilibrium predictions with Thermo-Calc® [204]. Further, the simulations show 

that as annealing time increases (which moves the austenite-ferrite interface) the C content 

becomes diluted in the austenite and the Mn content also decreases. These results are 

exacerbated when the simulations are required to decompose an FCC Mn23C6 carbide into 

austenite. At later stages, (between 0.5 h and 8 h), the growth of austenite follows the LE model 

for the moving interface [204]. The following sequence of reversion is proposed: (i) C and Mn 

co-segregation; (ii) formation of Mn- and C-enriched face-centered-cubic critical nuclei and (iii) 

growth of austenite controlled by LE mode. The compositions of UFG phases observed in the 

STEM-EDS linescan of Figure 4-40d near the edge-on boundary is equilibrated approximately 6 
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nm away from the boundary, which is relatively consistent with APT results (equilibration 

approximately 2-4 nm away from boundaries) in Figure 4-34d and Figure 4-35e-f.  These 

concentration profiles are consistent with recent DICTRA results [204], confirming that austenite 

growth is controlled by local equilibrium, as observed after 8 h of annealing. 

 The determination of the intercritical annealing temperature which produces the 

maximum amount of reverted austenite (T-max) is important because temperatures below T-

max should not produce new ' martensite after quenching to room temperature, due to a 

lowering of the martensite-start temperature below room temperature [39][54]. Typically, 

thermodynamic predictions tend to underestimate the T-max, as compared to experimental 

measurements of austenite fraction vs. annealing temperature, due to effects by dislocation 

density and thus solute mobility [122]. In this work, the T-max is predicted to be 630 °C (see 

Figure 4-21) which is greater than the chosen intercritical annealing temperature (585 °C). 

Further, the microstructure present after annealing for 8 h at 585°C consists of mostly coarse 

grained recovered/tempered ' martensite with approximately 35 vol % UFG austenite and less 

than 10 vol % of UFG  ferrite. However, the coarse grained martensite is not new ' martensite 

(formed during quenching to room temperature from the intercritical annealing temperature), but 

rather is a product of incomplete recrystallization of the cold-rolled ' martensite during 

intercritical annealing. Although C diffusion in medium-Mn steels is faster than Mn, there is 

clearly competition during annealing between the driving forces of martensite recrystallization 

and the reversion of UFG austenite. Arlazarov et al. proposed that variations in dislocation 

density and Mn content in a hot-rolled medium-Mn steel were coupled to the presence of 

polygonal ferrite and can aid in martensite recrystallization [50]. Zhang et al.’s work [59] on a 

medium-Mn steel (Fe-7.14Mn-0.14C-0.23Si wt%) that was hot-rolled, intercritically batch-
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annealed, cold-rolled and intercritically annealed again for various times showed a pronounced 

change in morphology based on annealing time. For continuous casting conditions, (a final 

intercritical annealing time of 3 min), the relatively low temperature and short annealing time 

produced an elongated and still slightly deformed microstructure. Observations of elongated 

UFG ferrite and elongated UFG austenite were attributed to a dependence on the prior 

martensitic microstructure since final annealing times of 12 h and greater (classified as batch-

annealed) produced a completely equiaxed microstructure of ferrite and austenite [59]. Notably, 

the UFG ferrite was always larger than UFG austenite, regardless of annealing time [59].  

 A study by Han et. al [52] on the improvement of impact toughness in medium-Mn 

steels reports that cold-rolling medium-Mn steels prior to intercritical annealing is a necessary 

step in producing globular austenite. Specifically, Han et al. observed the nucleation of lamellar 

austenite without recrystallization of martensite along high-angle boundaries, (prior austenite 

boundaries and martensite packet/block boundaries), and low-angle boundaries (martensite lath 

boundaries) in hot-rolled samples. On the other hand, cold-rolled samples produced 

microstructures containing UFG globular austenite and UFG globular ferrite, meaning the 

martensite matrix was actively recrystallized [52]. In contrast, Chen et al. [205] observed block-

form and lath-like austenite morphologies in a hot-rolled Fe-3.3Mn-1.4 Ni-0.23Si-0.05C (wt%) 

steel annealed at 650 °C for 2 h. Chen et al. specifically noted that the presence of block-form 

ferrite always neighbored block-form austenite, whereas lath-like austenite always formed in 

between tempered martensite laths. However, it was determined that both block-form and lath-

form austenite had the same Kurdjumov-Sachs (K-S) orientation relationship with the parent 

martensitic microstructure [205]. Arlazarov et al. [50] observed both lath-like and polygonal 

austenite, tempered martensite and polygonal ferrite in a cold-rolled Fe-4.6Mn-0.09C wt% steel 
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that was subjected to a double annealing heat treatment. The nature of the dual morphology of 

the UFG grains (lath-like and polygonal) was attributed to Mn micro-segregation (Mn-enriched 

and Mn-depleted bands in the bulk microstructure) such that Mn-rich bands tended to form lath-

like austenite whereas Mn-depleted bands were the likely origin of polygonal austenite and 

polygonal ferrite, since the martensite is more actively recrystallized when there is less 

competition from chemical/diffusive driving forces. The present work shows UFG block-like and 

plate-like austenite, which are respectively observed near prior austenite grain boundaries and 

within parent martensite laths. Further yet, in the present work, block-like UFG ferrite is nearly 

always observed next to UFG block-like austenite, indicating a competition between 

recrystallization (martensite to ferrite) and reversion (martensite to austenite). This competition 

could be possible if the driving force of the recrystallization (typically proportional to dislocation 

density) is out-weighed by diffusion kinetics. Even after 48 h of annealing, the texture of the 

originally cold-rolled microstructure is still observed, meaning the microstructure is not fully 

recrystallized nor equiaxed (see Figure D-8). Finally, a cold-rolled sample from the present work 

was cold-rolled even more from 50% to 65% and subjected to a heat treatment of 8 h at 585 °C, 

which produced nearly the same amount of austenite (32% measured by XRD) as compared in 

the original work on 50% cold-rolled samples annealed for 8 h at 585 °C (29% austenite 

measured with XRD and 35% austenite measured with EBSD, as seen in Figure 4-23). Such 

results indicate that the differences between 50 % and 65 % cold-rolled reductions are 

insufficient to produce changes in the annealed microstructure or that the chemical driving force 

of the austenite reversion and sluggish diffusion of Mn for a relatively high content of Mn (for a 

medium-Mn steel) tend to determine the rate of the austenite reversion kinetics.  

 



 159 

4.3.6 Summary and Conclusions 

 

• XRD and EBSD measurements yield an increase in volume fraction and grain-size area 

of reverted austenite with increasing annealing time for an intercritical annealing 

temperature of 585 °C using a Fe-12Mn-3Al-0.05C wt% steel. 

• EBSD and TEM/CBED results reveal that relatively equiaxed ultrafine ferrite grains and 

rod-like and plate-like ultrafine austenite grains are dispersed throughout the parent 

microstructure of recovered martensite.  

• Variation in morphology and orientation distribution of the austenite is attributed to the 

location of nucleation within the parent martensitic microstructure and local defect 

content. Rod-like and plate-like austenite is observed in between low-angle laths of the 

parent martensitic microstructure. Ultrafine austenite that is relatively more equiaxed in 

nature is always observed near equiaxed ultrafine ferrite, which was typically observed 

near high-angle grain boundaries of the parent martensite and/or grandparent prior 

austenite microstructures. 

• STEM-EDS confirms that austenite is enriched in Mn and depleted in Fe and Al  

compared to the parent martensitic microstructure. Although Mn/Fe K-alpha peak ratios 

are useful for identifying austenite grains, some variability in Mn content is observed for 

an annealing time of 0.5 h and is attributed to prior existence of Mn-rich carbides in the 

parent microstructure. The Mn content of austenite is equilibrated after 8 h of annealing 

time at 585 °C and also matches Thermo-Calc® predictions. 

• Quantitative 3D measurements of compositions for all phases with APT follow trends 

that are consistent with STEM-EDS results, (some variability in composition for an 

annealing time of 0.5 h, but equilibrated compositions after 8 h of annealing). The added 
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benefit of APT (accurate carbon content measurements) provides a consistent observation 

that both carbon-enriched and carbon-depleted interfaces with austenite are present, 

regardless of annealing time, indicating the chemical driving force in austenite reversion 

of this medium-Mn steel is primarily steered by sluggish Mn diffusion, since  C diffusion 

is faster. 

 

4.4 Influences of Strain Rate on Mechanical Properties and Deformations of a Multi-

Phase Medium-Mn TWIP-TRIP Steel 

 

 Given the detailed analysis of microstructures annealed for 0.5 h and 8 h at 585 °C, 

novel in-situ measurement techniques were used to quantify differences in strain and temperature 

during high rate testing of the medium-Mn steel annealed for 0.5 h and 8 h at 585 °C. 

Mechanical properties are measured with servo-hydraulic tension and Kolsky-bar deformation 

(strain rates from  ̇ = 10-4 /s to  ̇ = 103 /s). Conventional characterization techniques such as BF-

TEM, DF-TEM, SAED and XRD are used to quantify observed deformation mechanisms, which 

in turn were used to develop a constitutive model that captures the mechanical behavior of the 

multi-phase microstructure annealed for 8 h. The constitutive model aided in explanation of the 

complex mechanical behavior of the multi-phase steel. 

 

4.4.1 Effects of Intercritical Annealing Time and Strain Rate on Mechanical Properties 

 

 Figure 4-41 shows the representative engineering stress-strain curves from servo-

hydraulic tensile tests of the medium-Mn steel annealed for 0.5 h (Figure 4-41a) and 8 h (Figure 

4-41b). The Young’s modulus of the medium-Mn steel measured during quasi-static strain rates 

was the same for both annealing times (approximately 180 GPa). Mechanical properties are 
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summarized as a function of strain rate in Figure 4-42. The 0.2% offset yield strength (YS) of the 

medium-Mn steel annealed for 0.5 h rose from 769 ± 11 MPa to 876 ± 21 MPa with increasing 

strain rate from ̇ = 2x10-4 /s to ̇ = 2x101 /s (see Figure 4-42a) and the YS of the medium-Mn 

steel annealed for 8 h rose from 669 ± 1 MPa to 758 ± 1 MPa with the same increase in strain 

rate from ̇ = 2x10-4 /s to ̇ = 2x101 /s (see Figure 4-42b). Yield strengths of ̇ = 2x102 /s tests 

were not computed due to excessive ringing in the load washer and elastic gauges (see Figure A-

5) and a low data acquisition rate. The ultimate tensile strength (UTS) of the 0.5 h heat treatment 

increased from 825 ± 11 MPa to 997 ± 23 MPa by increasing the strain rate by 6 orders of 

magnitude from ̇ = 2x10-4 /s to ̇ = 2x102 /s (see Figure 4-42a) and the UTS of the 8 h heat 

treatment increased from 780 ± 3 to 911 MPa by increasing strain rate from ̇ = 2x10-4 /s to ̇ = 

2x102 /s (see Figure 4-42b). Therefore, both heat treatments of the medium-Mn steel show 

positive strain-rate sensitivity of yield and ultimate tensile strengths (from ̇ = 2x10-4 /s to ̇ = 

2x102 /s) and a decrease in annealing time (from 8 h to 0.5 h) increased the yield and ultimate 

tensile strengths (when compared at the same strain rate). 

 As shown in Figure 4-42c and Figure 4-42d, the medium-Mn steels annealed for 0.5 

h and 8 h show no large differences in uniform elongation (UE) with increasing strain rate from ̇ 

= 2x10-4 /s to ̇ = 2x102 /s. Slight increases in total elongation (TE) for both heat treatments are 

noted at ̇ = 2x102 /s, as compared to those at ̇ = 2x10-2 /s (see Figure 4-42c and Figure 4-42d). 

However, an increase in annealing time from 0.5 h to 8 h clearly increases both the UE and TE 

of the medium-Mn steel (when compared at the same strain rate). Specifically, increasing 

annealing time from 0.5 h to 8 h increases UE from 0.1 to 0.14 and TE from 0.17 to 0.25, when 

deformed at ̇ = 2x10-4 /s. The product of ultimate tensile strength and total elongation (PSE) of 

the 0.5 h heat treatment increases from 14,200 MPa% to 22,300 MPa% when increasing strain 



 162 

rate from ̇ = 2x10-4 /s to ̇ = 2x102 /s. For the 8 h heat treatment, the PSE at ̇ = 2x10-4 /s is 

19,200 MPa% and drops slightly to 17,400 at ̇ = 2x10-2 /s, but then increases to 24,600 MPa% at 

̇ = 2x102 /s. When comparing values at the same strain rate, the 8 h heat treatment always has a 

higher PSE than the 0.5 h heat treatment. 

  

 
Figure 4-41: Representative engineering stress-strain curves of the Fe-12Mn-3Al-0.05C (wt%) 

alloy a) annealed for 0.5 h at 585°C and b) annealed for 8 h at 585 °C. Servo-hydraulic tensile 

tests were performed at strain rates from ̇ = 2x10-4 /s  to ̇ = 2x102 /s. 
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Figure 4-42: a) and b) ultimate tensile strength (UTS) and 0.2% offset yield strength (YS) values, 

plus c) and d) total elongation (TE) and uniform elongation (UE) values are shown as a function 

of strain rate for the Fe-12Mn-3Al-0.05C (wt%) steel annealed for a/c) 0.5 h at 585 °C and b/d) 8 

h at 585 °C. Error bars are based on deviation between two tensile tests, which in some cases is 

smaller than the size of the data marker. 

 

 Mechanical properties from Kolsky-bar testing of the medium-Mn sheet steel were 

obtained for sub-sized samples, (machined from the same sheets as the servo-hydraulic tensile 

tests), that were deformed to failure using a 1 m striker bar and a pressure of 70 psi. As seen in 

Figure 4-43, samples from each annealing condition were deformed to failure at approximately 

the same strain rate (̇true max = 1x103 /s) with respect to true strain. The true stress-strain curves 

are plotted up to the point of instability (maximum uniform strain). Figure 4-44 shows the true 

stress-strain curves of both heat treatments deformed to failure at the strain rates designated in 

Figure 4-43. The YS and UTS of the medium-Mn steel annealed for 0.5 h are greater than those 

specimens with the 8 h heat treatment, whereas the UE of specimens with the 8 h heat treatment 

are significantly greater than the UE of the 0.5 h heat treatment. The product of true ultimate 
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tensile strength and true uniform strain for the 8 h heat treatment (16,000 MPa%) is 

approximately 60 % greater than the equivalent value for the 0.5 h heat treatment (10,000 

MPa%), which is consistent with mechanical properties of full-sized tensile specimens measured 

by servo-hydraulic tension. 

 

 
Figure 4-43: True strain rate measured during pull-to-failure Kolsky-bar testing of the Fe-12Mn-

3Al-0.05C (wt%) sheet steel. 
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Figure 4-44: True stress-strain curves measured for sub-sized samples pulled-to-failure with 

Kolsky-bar testing at the same strain rate. 

 

4.4.2 Non-Contact Measurements of Strain and Temperature  

 

 Digital image correlation (DIC) was used to measure strain during all servo-

hydraulic and Kolsky-bar tensile tests using methods described previously in section 3.2.3. The 

use of non-contact methods with sufficient data acquisition rates is not only recommended [184], 

but also allows for in-situ measurements of strain localizations during tensile testing. Figure 4-45 

shows an engineering stress-strain curve of the Fe-12Mn-3Al-0.05C (wt%) alloy annealed for 0.5 

h and deformed at ̇ = 2x10-2 /s. DIC results show that strain remains relatively uniform (as 

represented by of a constant color) throughout the parallel length of the gauge section of the 

tensile sample, up until the point of necking. Figure 4-46 provides a similarly annotated stress-

strain curve of the medium-Mn steel annealed for 8 h at 585 °C and deformed at ̇ = 2x10-2 /s. 

The DIC images in Figure 4-46 use the same engineering strain scale bar as in Figure 4-45. In a 
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simple comparison of the mechanical properties, the longer heat treatment (8 h vs 0.5 h) 

produces larger amounts of uniform and total elongation with the trade-off of a moderate 

decrease in yield and ultimate tensile strengths. The increase in uniform elongation is clear when 

comparing images at approximately 0.16 engineering strain. In Figure 4-45, at 0.16 engineering 

strain, the part of the gauge section that has accommodated 0.16 engineering strain (the color 

green) is only just over half the length of the region seen in Figure 4-46. Finally, right before 

fracture in Figure 4-46, the region of necking has comparatively accommodated more total 

engineering strain (red – 0.25 eyy) as compared to the necked region in Figure 4-45 (orange – 

0.2 eyy). Ductile failure by micro-void coalescence was observed on fracture surfaces of samples 

deformed from ̇ = 2x10-4 /s to ̇  = 2x101 /s. The comparison of engineering stress-strain 

curves deformed at ̇ = 2x10-2 /s was chosen since adiabatic heating likely occurs at that strain 

rate and corresponding thermal images of the same tests are compared. 
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Figure 4-45: Engineering stress-strain curve annotated with optical images and an overlay of 

digital image correlation used to measure virtual engineering strain with respect to the tensile 

direction (eyy), where red is 0.25 strain. The sample was annealed for 0.5 h at 585 °C and 

deformed at ̇ = 2x10-2 /s. 
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Figure 4-46: Engineering stress-strain curve annotated with optical images and an overlay of 

digital image correlation used to measure virtual engineering strain with respect to the tensile 

direction (eyy), where red is 0.25 strain. The sample was annealed for 8 h at 585 °C and deformed 

at ̇ = 2x10-2 /s. 
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 To directly compare thermal imaging during tests performed at nominally the same 

strain rate of ̇ = 2x10-2 /s for different annealing condtions, thermal images of the sample 

annealed for 0.5 h (Figure 4-45) and the sample annealed for 8 h (Figure 4-46) are shown side-

by-side in (Figure 4-47a and Figure 4-47b). Thermal images recorded at the same total 

engineering strain of 0.171 (Figure 4-47a and Figure 4-47b) show that the sample annealed for 

0.5 h has already begun to neck and localized heat is generated in the center of the tensile 

sample, whereas the sample annealed for 8 h does not show signs of significant necking or strong 

localization of heat. Figure 4-47c and Figure 4-47d provide plots of the temperature profile along 

the centerline of the gauge section for various time steps, while Figure 4-47e and Figure 4-47f 

show the maximum, mean and minimum temperatures for various centerline profiles, plotted as a 

function of time. When comparing the same times (3.1 s and 5.4 s) the sample annealed for 0.5 h 

and deformed at ̇ = 2x10-2 /s is hotter than the sample annealed for 8 h and deformed at ̇ = 

2x10-2 /s. At 5.4 s the average temperature along the centerline of the gauge length for the 

sample annealed for 0.5 h is 8 °C warmer than the sample annealed for 8 h and the difference in 

maximum temperature is greater than 20 °C indicating heat and strain localization (as shown in 

Figure 4-47e and Figure 4-47f). When comparing temperature profiles (see Figure 4-47c and 

Figure 4-47d) where the maximum temperature along the centerline of the gauge section is 

nominally the same (approximately 92 °C), the sample annealed for 0.5 h and deformed at ̇ = 

2x10-2 /s had been deforming for 7.014 s, whereas the sample annealed for 8 h and deformed at 

̇ = 2x10-2 /s had been deforming for 10.9 s. Just before fracture, the area of the necked region 

of the sample annealed for 8 h is much hotter (max temp of 129 °C in Figure 4-47b) than the 

necked region of the sample annealed for 0.5 h (max temp of 110 °C in Figure 4-47a) indicating 
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that more strain has been accommodated in the neck of the 8 h samples, which is consistent with 

DIC results in Figure 4-46 and Figure 4-45. 
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Figure 4-47: Thermal images captured during servo-hydraulic tensile tests at ̇ = 2x10-2 /s for 

the medium-Mn steel annealed for a/c/e) 0.5 h and b/d/f) 8 h at 585 °C. Non-contact temperature 

measurements using a line drawn across the center of the gauge section are shown as profile 

plots for various time steps in c) and d) with the original length of the parallel gauge section 

marked. The maximum, mean and minimum temperatures across the centerlines of the gauge 

section are plotted as functions of time in e) and f).  

 

 Temperatures in Figure 4-47c-f were measured along a line positioned in the center 

of the gauge section. ResearchIRTM software was used to calculate the average surface 

temperature across the entire area of the reduced parallel length, excluding the necked region and 

fracture surface, for all mechanical tests. Representative temperature plots as a function of 

engineering strain for strain rates from ̇ = 2x10-4 /s to ̇ = 2x101 /s are shown in Figure 4-48a 

for the medium-Mn steel annealed for 0.5 h and in Figure 4-48b for the medium-Mn steel 

annealed for 8 h. Results from strain rates of ̇ = 2x102 /s were not included due to insufficient 

data acquisition rates of the thermal imaging. As expected, quasi-static strain rates (̇ = 2x10-4 

/s) showed no signs of tensile specimen heating. Consistent with Figure 4-47, the average 

temperature of samples deformed at ̇ = 2x10-2 /s was 6 °C greater for the sample annealed for 8 

h (Figure 4-48b) as compared to the sample annealed for 0.5 h (Figure 4-48a). In the case of the 

̇ = 2x101 /s tests, the initial tensile-specimen temperature was higher because of the high 

intensity of the LED lights (necessary for illumination), which were turned on 30 s before each ̇ 

= 2x101 /s test. Nevertheless, the final average temperature in the area of the reduced gauge 

length after deformation at ̇ = 2x101 /s is only 3 °C greater for the specimen annealed for 8 h  

compared to the specimen annealed for 0.5 h and is directly proportional to the numerically-

integrated areas under the engineering stress-strain curves (19,400 MPa% vs. 18,500 MPa%). 

Numerically-integrated areas under engineering stress-strain curves are directly proportional to 

PSE values, but should not be interchanged as PSE values are simply the product of two values 
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(UTS and TE). Based on previous thermodynamic calculations outlined in section 4.2, an 

increase in temperature from 22 to 46 °C should not significantly raise the SFE of the austenite. 

 

 
Figure 4-48: Average surface temperatures of areas in the reduced section of the parallel gauge 

length measured at various strain rates for Fe-12Mn-3Al-0.05C (wt%) steel specimens annealed 

for a) 0.5 h at 585 °C and b) 8 h at 585 °C. 

 

4.4.3 Deformation Mechanisms 

 

 A key characteristic of medium-Mn steels is the UFG microstructure that is 

produced during intercritical annealing, after hot and/or cold-working. Through a Hall-Petch 

relationship, the ultrafine grain size is one of the main contributors to the high YS and UTS 

values. Figure 4-49 shows BF-TEM images of some of the ultrafine grains (approximately 500 

nm or less in diameter) recorded from an electropolished sample of the steel annealed for 0.5 h 

and deformed to failure at quasi-static strain rates. Coarse-grained recovered martensite, UFG 

ferrite and UFG austenite, (estimated to be only 3% volume fraction for this heat treatment), 
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accommodate the strain in this multi-phase medium-Mn steel. Seen in Figure 4-49c and Figure 

4-49d, austenite grains of approximately 300 to 500 nm in size show planar defects, consistent 

with the predicted SFE value and measured compositions as presented in section 4.3. 

Furthermore, the medium-Mn steel annealed for 8 h contains nearly a 35 % volume fraction of 

austenite and has more equilibrated compositions. Figure 4-50b shows BF-TEM images of a 

samples annealed for 8 h and deformed to 0.08 engineering strain (interrupted at quasi-static 

strain rates) where strain-induced planar defects are visible. Figure 4-50a provides evidence that 

UFG ferrite grains also have begun to deform. 
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Figure 4-49: BF-TEM images of a sample annealed for 0.5 h and pulled to failure at ̇ = 2x10-4 

/s: a) image of the deformed microstructure in an areas consisting of some ultrafine grains, b) 

and UFG ferrite grains with evidence of dislocation tangles, c/d) coarse-grained recovered 

martensite and UFG austenite with evidence of planar defect formation. The horizontal planar 

defect in the UFG austenite grain in part c) is probably an annealing twin whereas the vertical 

planar defects are strain-induced. 
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Figure 4-50: BF-TEM images of a sample annealed for 8 h and interrupted at eng. = 0.08 (tested 

at ̇ = 2x10-4 /s). a) UFG ferrite grains shows signs of deformation with dislocation tangles and b) 

UFG austenite grains have already begun to develop planar defects (stacking faults and possibly 

mechanical twins). 

 

 The XRD measurement of the as-received material (bottom of Figure 4-51a), which 

indicates a textured martensitic microstructure with a minor constituent of austenite, is consistent 

with results in Figure 4-27 and has already been discussed,  the martensite and ferrite present 

after annealing for 48 h is still textured. Austenite peaks do not indicate much texture, with the 

exception of the (311) peak intensities as typically the (220) and then (222) peaks have the 

lowest intensity, indicating that the austenite reversion depends on the textured parent 

microstructure (usually characterized as a K-S orientation relationship). After deformation to 

failure at quasi-static strain rates, XRD shows an increase in intensity of the (200), (211) and 

(220) alpha-Fe peaks, plus a relative decrease in (111) peak intensity of gamma-Fe, (see top of  

Figure 4-51a). However, a significant amount of gamma-Fe (austenite) is still present after 

deformation to failure. Such results may indicate that dislocation glide and/or TWIP processes 

are dominant mechanisms in the austenite as opposed to a TRIP effect to 𝜀 - and/or 𝛼 '- 
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martensite. The Olson-Cohen model is typically the prime model for understanding the 

transformation rate of retained austenite in conventional TRIP steels, where the SFE is usually 

below 10 mJ/m2 meaning 𝜀- and 𝛼 '-martensite transformations are readily activated. Further, 

XRD measurements do not reveal the presence of 𝜀-martensite peaks, but perhaps this is not 

unexpected because of the small volume fractions and peak broadening from the very thin 𝜀-

martensite platelets observed by TEM. EBSD results of the as-received and deformed 

microstructures indicate that the austenite volume fraction decreases from 35 to 18 % after 

deformation to failure at quasi-static strain rates and also reveals a small volume fraction of 𝜀-

martensite (4%) within the austenite grains. A comparison of the kernel average misorientation 

maps (synonymous with quantitative strain) between as-received and pulled-to-failure 

microstructures (see Figure 4-51b) shows a significant increase of local misorientation within the 

microstructure for all phases present, which is expected for a microstructure deformed to failure. 

Dark-field TEM results in Figure 4-52 confirm the presence of mechanical twins and hexagonal 

𝜀-martensite in the ultrafine austenite grains, which is consistent with SFE predictions. Figure 4-

53 also reveals that mechanical twins can still develop in the ultrafine-grained austenite during 

deformation at high strain rates. In comparison to KAM maps in Figure 4-51b, DF-TEM results 

in Figure 4-52 and Figure 4-53 demonstrate that the recovered martensitic matrix and ultrafine 

ferrite also accommodate large amounts of the deformation as indicated by the numerous 

dislocation tangles. 
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Figure 4-51: a) XRD and b) EBSD comparison of as-received specimen and specimen deformed 

to failure at quasi-static strain rates 
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Figure 4-52: a/d/g) Bright field and c/f) dark field TEM images of planar defects visible in 

specimens deformed to failure at quasi-static rates. b/e) Selected area electron diffraction results 

indicate two types of planar defects present in the ultrafine-grained austenite: mechanical 

twinning and hexagonal epsilon martensite. 

 

 
Figure 4-53: Bright-field and dark-field TEM results of specimens deformed to failure at 2x101 /s 

indicate mechanical twinning is still observed in ultrafine austenite grains. 

 

 Tensile properties show a positive strain-rate sensitivity of the yield- and ultimate 

tensile strengths, which is a strong indication that thermally-activated and time-dependent short-

range barriers dominate the flow stress [149][136][150]. For BCC metals, the primary short 

range dislocation barrier is the frictional-based Peierls Nabarro stress, whereas dislocation forests 

and solute atoms are dominating short-range barriers in FCC metals and are predominantly 

thermally-activated [148][19]. Notably, when only crystal structure is considered, the Peirels 

barrier (in energy per unit length [206]) is more difficult to overcome in the BCC lattice as 

compared to short-range barriers in the FCC lattice [149], which indicates that the predominant 

strain-rate sensitivity effect on flow stress in this multi-phase medium-Mn steel is related to the 
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ferritic and martensitic microstructural constituents. However, previous high strain-rate work 

[207] on a high-Mn TWIP-TRIP austenitic steel with nominally the same austenitic stacking 

fault energy as the steel in the present work (21 mJ/m2) showed a large strain-rate sensitivity of 

the yield strength, which was attributed to thermally-activated short-range dislocation barriers, 

rather than a change in TWIP or TRIP mechanisms. 

 The partitioning of Mn and C from '/ to form  and partitioning of Al from  to  

during intercritical annealing in the  +  phase field controls the amount, size and stacking fault 

energy of the reverted . Specifically, recent work  [54][131] has shown that an increase of the 

intercritical annealing temperature decreases the Mn content in austenite and also decreases the 

SFE of the austenite. The SFE is important for controlling TWIP and TRIP effects in the  phase 

during deformation [39][132][55][133][56][134]. Studies investigating deformation mechanisms 

and mechanical properties of medium-Mn steels have reported the effects of intercritical 

annealing temperature and phase fractions/sizes [36][39]. Other researchers of medium-Mn 

steels and TWIP steels have observed static and dynamic strain-aging effects, (respectively 

termed Lüders bands and PLC bands), which can lead to plastic instabilities during deformation. 

These static and dynamic strain-aging effects, which are influenced by microstructure, 

composition, dislocation mobility, temperature and strain rate [40][41][42][43][44][45][46], are 

not observed in this work. The absence of Lüders bands is attributed to a low volume fraction of 

UFG ferrite and the absence of DSA/PLC bands is attributed to the low carbon content of the 

austenite and to the morphology of most of the UFG austenite grains which vary among plate-

like, rod-like and strings of equiaxed grains. As this work contains various morphologies of 

ultrafine-grained constitutents, it is important to note that Davut et al. provided experimental and 

computational evidence to support the observations of higher stresses developing in more 
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elongated grains that transform earlier [47]. Stout et al. [208] wer able to correlate 

transformation kinetics using the von Mises effective strain criterion for strain-induced TRIP in 

304 stainless steels. Crystal plasticity modeling is used in the next section to decipher the 

complicated mechanical behavior of this multi-phase medium-Mn TWIP-TRIP steel. 

 

4.4.4 Constitutive Modeling of Strain Hardening Behavior in a Multi-Phase 

Medium-Mn Steel  

 

 Based on the experimentally-determined results of the medium-Mn steel annealed 

for 8 h, a two-level finite-element model was developed to further understand and quantify the 

plasticity mechanisms involved during deformation. Specifically, the model allows for a better 

understanding of the individual contributions to plasticity for a given microstructural constituent 

and provides the ability to tune microstructural parameters to predict structure-property 

relationships beyond the experimental regime. The first level of the model focuses on macro-

scale tensile properties using the Taylor algorithm [209], which does not consider grain 

morphology or grain interactions, but rather focuses on size-dependent slip resistance. 

Anisotropic elastic properties used in this work are found in Table 4-5 and based on the literature 

database, while relative orientations of the as-received microstructure are based on EBSD 

measurements. Crystal plasticity has been proven to be an effective way to model the 

microstructure-based mechanical behavior of metals. In this work, the dislocation density based 

crystal plasticity model is implemented in an FE-based strain framework. Twinning, as well as 

phase transformation, is incorporated into the model and allows for tuning of physical parameters 

to capture the plastic behavior of the TWIP-TRIP steel. The constitutive formula are presented in 

numerical order, based on the sequence of hierarchy in the general crystal plasticity model.  
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Figure 4-54: a) Taylor-based finite element model of the tensile sample used in this work with 

the b) boundary conditions applied and the generalized plasticity model explained for each finite 

element, integration point and multi-phase grain where SIT indicates a strain-induced 

transformation. The c) resulting tensile properties are compared to the experimental results 

(strain rates from ̇ = 2x10-4 /s to ̇ = 2x101 /s). 

 

 The Taylor model, in this case considers the macro-scale contributions of 10,000 

finite elements, which are arranged to create a 3D model of the tensile drawing (including 

thickness) from Figure 3-6. The final 10,000 finite-element model is shown in see Figure 4-54a. 

Each finite element includes 8 integration points and each integration point consists of 500 multi-

phase grains. In the case of the model, a multi-phase grain is simply a coarse tempered 

martensite grain that contains an ultrafine austenite grain and an ultrafine ferrite grain (see Figure 

4-54b). Each of the phases within the multi-phase grain contain one orientation and one grain 

size. Since there are 500 multi-phase grains per integration point, the orientations, grain sizes and 

phase fractions are assigned to match the respective statistical distributions acquired from the 
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EBSD data. In the undeformed microstructure, where k is used to count each multi-phase grain, 

each multi-phase grain begins with the same initial fraction of ultrafine austenite (0.35), fine 

ferrite (0.10) and coarse tempered martensite (0.55), where the fraction of each multi-phase grain 

is set equal to one as shown in equation 4-1. As deformation takes place, the initial austenite can 

be decomposed into twins, epsilon martensite, a strain-induced transformation to martensite and 

the remaining austenite that has only deformed by slip, as shown in equation 4-2. Substituting 

equation 4-2 into 4-1 yields equation 4-3, meaning that the initial ferrite and martensite does not 

transform (the volume fraction does not change and only deforms by slip) whereas the austenite 

can both slip and transform. In order to obtain physically meaningful material parameters, the 

volume fraction constraints are applied at the beginning of each time increment. 

 

𝑓𝑖𝑛𝑖
𝐴(𝑘)

+ 𝑓𝑖𝑛𝑖,𝑐
α′(𝑘)

+  𝑓𝑖𝑛𝑖,𝑓
α (k)

= 1  (equation 4-1) 

𝑓𝑖𝑛𝑖
𝐴(𝑘)

=  𝑓𝐴 (𝑘) + 𝑓𝜀 (𝑘) +   𝑓𝑡𝑤 (𝑘)   +  𝑓𝑠𝑖𝑡
α′(𝑘)

= constant    (equation 4-2) 

 

𝑓𝐴 (𝑘) +  𝑓𝜀 (𝑘) +  𝑓𝑡𝑤 (𝑘)   +  𝑓𝑠𝑖𝑡
α′(𝑘)

+ 𝑓𝑖𝑛𝑖,𝑐
α′(𝑘)

+  𝑓𝑖𝑛𝑖,𝑓
α (k)

= 1   (equation 4-3) 

 Previous in-situ work on this medium-Mn steel has shown that cold-rolled and 

annealed specimens have begun to transform around 8% engineering strain (failure occurs at 25 

% engineering strain) and TEM analysis in the present work shows mechanical twins are 

observed as early as 8% engineering strain (s=0.08). EBSD results in the present work show that 

the initial austenite fraction of 0.35 is reduced to 0.18 in a tensile specimen deformed to failure at 

engineering strain of 25% (s=0.25). This evolution of the volume fraction of austenite 

(transformation rate) is calibrated from FE results and when the sum of all k-th multi-phase 

grains reaches an austenite fraction of 0.18, the transformation is halted. This means that some 

austenite grains will completely transform, while others will not. The initial fraction is 0.35 and 
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the final fraction is 0.18 (determined by volume 𝜃 and fraction 𝑓𝐴. The experimental controls 

introduced in this constitutive model are schematically described in equation 4-4. 

 

𝑓𝐴 =  {

𝑓𝑖𝑛𝑖
𝐴 = 35.2%

𝑓𝑖𝑛𝑖
𝐴 −  𝑓𝜀 −  𝑓𝑡𝑤  −  𝑓𝑠𝑖𝑡

α′
 

𝑓𝑚𝑖𝑛
𝐴 = 18.2%

   
𝑠 = 0.08

      𝑠 ∈ (0.08, 0.25)
𝑠 = 0.25

         𝑓𝐴 ∑ 𝑓𝐴(𝑘) ∙
|𝜃𝑘|

𝜃𝑘   (equation 4-4) 

 The volume-averaged stress in a given integration point and thus in the k-th multi-

phase grain is described by equation 4-10. 

𝜎 =  
1

𝑁
∑ 𝜎(𝑘) ∙

|𝜃𝑘|

𝜃

𝑁

𝑘=1
   such that:     

 

     𝜎(𝑘) = (𝑓𝐴(𝑘) + 𝑓𝑡𝑤(𝑘))𝜎𝐴(𝑘) + (𝑓𝜀(𝑘))𝜎𝜀(𝑘) + (𝑓𝑖𝑛𝑖,𝑓
𝛼(𝑘)

)𝜎𝛼(𝑘) + (𝑓𝑠𝑖𝑡
𝛼′(𝑘)

+  𝑓𝑖𝑛𝑖,𝑐
𝛼′(𝑘)

) 𝜎𝛼′(𝑘) 

 
          (equation 4-5) 

 
 From here on (equations 4-6 through 4-31), the plasticity enhancing mechanisms in 

each a given k-th multi-phase grain are provided and therefore the (k) counter and volume 

average will not be listed in each proceeding equation for clarity, but all counters and volume 

fractions are included in the crystal plasticity simulation. When considering the plasticity 

enhancing mechanisms, work by Bouaziz et al. [210] described the kinetics of twinning by a 

phenomenological law in equation 4-6, where α𝑡𝑤 = 3 and m=2 are dimensionless parameters 

extrapolated from the literature, 𝑓𝑚𝑎𝑥
𝑡𝑤 =0.2 is the saturation fraction of twinning and 𝛾𝑡𝑜𝑡 is the 

total shear strain. When the total shear strain is greater than a critical value 𝛾𝑐  that linearly 

depends on grain size, a twin is formed (𝑓𝑡𝑤 increases). Twin fraction increases with strain (after 

a given strain value) even though the local fraction can decrease near a twin-twin intersection 

that creates α′ martensite, which is consistent with work by others [141][55][54]. 
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f tw = f Afmax

tw (1 − exp (−αtw(γtot − γtot
c )))m  (equation 4-6) 

  

 As described in Chapter 2.2, there is debate in the literature as to what exact 

mechanism controls mechanical twinning and the formation of epsilon martensite. The 

assumption used in this constitutive model is that the mechanisms share a relationship through 

the movement of partial dislocations. Therefore, the kinetics of epsilon martensite generation are 

described by a similar phenomenological law as compared to the twinning mechanism and 

shown in equation 4-7. 

 
f 𝜀 = f Afmax

𝜀 (1 − exp (−α𝜀(γtot − γtot
c )))𝑚̂  (equation 4-7) 

 
 For transformation kinetics from austenite to α′  martensite through twinning 

intersections, the general Olson-Cohen model [98] is employed, where 𝑓𝑠𝑖𝑡,𝑡𝑤
α′  

is the volume 

fraction of strain-induced martensite from twin intersections, but similar to the work by Lee and 

De Cooman [54]  (see equation 4-8), the f A  term is included because the austenite in this 

material does not completely transform. The martensite evolution in this equation is considered 

solely dependent on the twinning activity rather than shear-banding [98].  βα′
 is a parameter 

related to the probability that twin intersections nucleate martensite and the exponent n is a fixed 

term that relates to the number of intersections in the austenite based on the morphology and 

orientation distribution of the austenite [19]. 

 

𝑓𝑠𝑖𝑡,𝑡𝑤
α′

= f A(1 − exp(−βα′
f tw))n  (equation 4-8) 

 However, for lower SFE materials, the strain-induced α′  martensite is usually 

dependent on the volume fraction of ε-martensite. The Olson-Cohen model could be employed 
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for epsilon-epsilon intersections, but another driving force is considered in this case.  For phase 

transformation from austenite to ε-martensite [211], equation 4-9 is considered, where p𝑐 stands 

for the critical value of the transformation driving force. A ḟmax
t  is the maximum transformation 

rate, υ  is the viscosity-like parameter and pt
 is the athermal transformation driving force 

(transformation shear stress) as defined in equation 4-10. 𝜆𝑇  is the latent heat, Θ𝑇  is the 

transformation temperature, 𝜌0 is mass density and 𝑏𝑡 ∙ 𝑚𝑡 is the phase transformation system. 

 

ḟ t = {
ḟmax

t tanh (
1

υ
∙

pt−pc

pc
)      if pt > pc 

0                                       otherwise
         𝑓𝑠𝑖𝑡,𝜀

α′
∑ 𝑓𝑡𝑁𝑡𝑟

𝑡=1   (equation 4-9) 

 

pt =  𝑏𝑡 ∙ (𝐅e ∙ 𝛔 ∙ 𝐅e ∙ 𝛔) ∙ 𝑚𝑡 − 𝜌0
𝜆𝑇

Θ𝑇
(Θ − Θ𝑇)  (equation 4-10) 

 
 
 
  

 
 The total deformation gradient (F) can be decomposed into three components 

including elastic, plastic and transformation gradients for each integration point in the 

computational field (see equation 4-12). Ferrite and martensite do not include a transformation 

gradient, but austenite does (see equation 4-13). 

𝐅 = 𝐅e𝐅p𝐅tr     (equation 4-12) 

𝐅tr = 𝐈 + ∑ f t𝐛trans
t ⊗ 𝐦trans

tNtrans
t=1 = 𝐈 + ∑ f t𝐏trans

tNtrans
t=1      (equation 4-13) 

 
 Here in equation 4-14, f t is the volume fraction of phase transformation on the 𝐭th 

transformation system. Ntrans is the number of phase transformation systems from austenite to ε-

martensite. 𝐛𝐭𝐫𝐚𝐧𝐬
𝐭  is the average transformation direction and 𝐦𝐭𝐫𝐚𝐧𝐬

𝐭
 is the habit plane normal 
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[212]. 𝐏trans
t  is the Schmid factor of the t  transformation system. 𝐈  represents the two 

dimensional identity matrix in equation 4-14, where A is the expansion coefficient, θ0  is the 

reference temperature point and θ is the absolute temperature. 

 
𝐅θ = [1 + A(θ − θ0)]𝐈   (equation 4-14) 

 
 The elastic stress-strain relationship is represented by equation 4-15, where, the 

Green strain is defined in equation 4-16 and the 2nd Piola-Kirchhoff stress is defined by equation 

4-17. 

𝐓𝑒 = 𝐂: 𝐄𝑒   (equation 4-15) 

𝐄e =
1

2
(𝐅eT ∙ 𝐅e − 𝐈)   (equation 4-16) 

𝐓e = 𝐅e−1[det (𝐅e) ∙ 𝛔]𝐅e−T
  (equation 4-17) 

 
 The material derivative of plastic deformation gradient (Fp) results in the plastic 

velocity gradient 𝐋p  [211]. It is described by both mechanisms of dislocation slip and 

mechanical twinning in the austenite phase as seen in equation 4-18. Whereas for the martensite 

phase, Fp is described only by dislocation slip as shown in equation 4-19. Nslip and Ntwin are the 

number of slip and twin systems, respectively. γ̇α(α ∈ [1, Nslip]) and γ̇β(β ∈ [1, Ntwin]) are the 

shear strain rate on slip and twin systems, respectively. 𝐏slip and 𝐏twin are the Schmid factor in 

dislocation slip and twin systems. f A  and f M  are the volume fraction of the austenite and 

corresponding martensite phases.  

 

𝐋p = 𝐅̇p ∙ 𝐅p−1 = f A ∑ γ̇α𝐏slip
α + f tw ∑ γ̇β𝐏twin

βNtwin
β=1

Nslip

α=1   (equation 4-18) 

𝐋p = 𝐅̇p ∙ 𝐅p−1 = f M ∑ γ̇α𝐏slip
αNslip

α=1   (equation 4-19) 
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 The thermal activation is inserted to consider the effect of strain rate. Based on the 

present understanding of Fe-Mn-Al-C systems, a SFE from 0 to ~20 mJ/m2 could induce the 

transformation from γ phase to ε-martensite phase, along with dislocation slip. Whereas, a SFE 

from 20 to ~50 mJ/m2  means mechanical twinning can occur in γ , in addition to primary 

dislocation glide. If SFE exceeds 50 mJ/m2, the planar defects or mobile partial dislocations are 

not observed in the material, but rather only full dislocations that glide. The shear strain rate of 

dislocation slip, or twinning is affected by the SFE. Here, the thermally activated shear strain is 

defined by equation 4-20, where ΔF is the Helmholtz free energy, or the effective activation 

energy barrier. ρm  is the average mobile dislocation density, νid  the dislocation vibration 

frequency, b  the magnitude of Burgers vector, k  the Boltzmann constant, ΔV  the thermal 

activation volume. τα and sα are the resolved shear stress and the dislocation slip resistance in 

αth slip system, respectively.  

 

γ̇α =
ρm𝜐idbα2

2
exp (

−ΔF

kθ
) exp (

(τα−sα)ΔV

kθ
) sgn(𝜏α)  (equation 4-20) 

 
A similar formula is provided for the mechanism of mechanical twinning in equation 4-21,  

where, τβ  and sβ
 represent the resolved shear stress and the twin resistance on the βth twin 

system, respectively. The critical twinning stress is known to be significantly influenced by grain 

size for grains less than 0.5 µm [20]. The stress constraint in Eqn. (13) indicate the twinning 

deformation is directional and the twin volume fraction is always positive, since full 

transformation does not occur in this material. The sum of the twinned volumes does not exceed 

the grain volume and the twinned region must stay as such unless a transformation occurs. The 
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shear resistance is decomposed to four terms corresponding to the initial temperature associated 

s0
α , Hall-Petch-associated sHP

α , forest dislocation density related sfor
α

 and debris dislocation 

density related sdeb
α , respectively [213] and described by equation 4-22 and equation 4-23, where 

χ is the dislocation interaction constant, taken to be 0.31 for Fe-Mn-C steel. Where μ is the 

elastic shear modulus evolving linearly with temperature and ρfor
α

 is the forest dislocation density 

in one grain. Here only the self-hardening is considered and the latent hardening is neglected. 

 

γ̇β = {
ρm𝜐idbβ2

2
exp (

−ΔF

kθ
) exp (

(τβ−sβ)ΔV

kθ
)    if  𝜏β > 0

0                                                             otherwise
  (equation 4-21) 

sα(γ̇𝛼) = s0
α + sHP

α + sfor
α (γ̇𝛼) + sdeb

α (γ̇𝛼)   (equation 4-22) 

sfor
α = bαχμ√ρfor

α   (equation 4-23) 

 

 Stage IV hardening is represented by substructure hardening (sdeb
α ) represents for the 

substructure strengthening in the stage IV hardening and kdeb is a material-independent constant 

defined as 0.1 for both FCC and BCC crystal structures and as 0.086 for hcp crystals [214], and 

finally ρdeb is the total debris dislocation density for one grain as shown in equation 4-24.  

 

sdeb
α = kdebμbα√ρdebln (

1

bα√ρdeb
)   (equation 4-24) 

 
 HPα  is the Hall-Petch-like coefficient and dg

α  is the grain size of corresponding 

phase. The critical propagation resistance stw
β

 for βth twin system consists two components [213] 

as shown in equation 4-25 and equation 4-26. Since the effect of slip dislocation on twinning is 

already considered in volume fraction evolution in Eq. (12), the interaction between twinning 

and forest dislocation is neglected here. The dislocation interaction between twinning and debris 
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dislocation are found to be negligible [213]. s0
β
 is the initial propagation resistance and sHP

β
 is the 

Hall-Petch-like strength related to the twin boundaries as shown in equation 4-27. Here, dMTF
β

 is 

the width of mean free path, which is approximated as the grain size of newly transformed α′. In 

dislocation density based theory, the forest dislocation density evolution is related to two part the 

generation and recovery dislocation densities [213]. 

 

 

sHP
𝛼 = μHPα√

bα

dg
α (equation 4-25) 

 

stw
β

= s0
β

+ sHP
β

 (equation 4-26) 

sHP
β

= μHPβ√
bβ

dMTF
β  (equation 4-27) 

 The partial recovery component is strengthened and transformed into a debris 

dislocation and the other dislocation component is annihilated as shown in equation 4-28, 

equation 4-29 and equation 4-30. 

∂ρfor
α

∂γα =
∂ρgen

α

∂γα −
∂ρrev

α

∂γα =
∂ρgen

α

∂γα − (
∂ρdeb

∂γα +
∂ρann

α

∂γα ) (equation 4-28) 

∂ρfor
α

∂γα =
∂ρgen

α

∂γα −
∂ρrev

α

∂γα = k1√ρfor
α − k2(γ̇, θ)ρfor

α   (equation 4-29) 

k2
α(γ̇α, θ) =

k1bαχ

gα
[1 −

kθ

Dαbα3 ln (
γ̇α

γ̇0
α)]  (equation 4-30) 

 The debris dislocation density evolution is defined on the sum of effects from 

multiple slip systems for one grain, where qα is a rate coefficient related with thermal-activated 

energy and volume, describing how point defects can grow into debris by local thermal 

activation (see equation 4-31). 
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dρdeb = ∑
∂ρdeb

∂γαα dγα = ∑ qαbα√ρdebk2
α(γ̇α, θ)ρfor

α
α   (equation 4-31) 

 

Table 4-5: Elastic properties from [22][25] used in the appropriate constitutive equations 

Phase C11 (GPa) C12 (GPa) C44 (GPa) C13 (GPa) C33 (GPa) 

Austenite (𝛾) 174 85 99   

Martensite (𝛼′) 169 82 96   

Ferrite (𝛼) 175 82 97   

Martensite (𝜀) 420 30 320 120 570 

 

 

 The calibrated 3D Taylor model (see Figure 4-54) shows strong agreement with the 

mechanical properties of the medium-Mn steel annealed for 8 h at 585 °C and deformed at strain 

rates from ̇ = 2x10-4 /s to ̇ = 2x101 /s. The instantaneous strain-rate sensitivity is captured in the 

thermal activation volume and thermal activation energy barrier of FCC and BCC crystals and is 

thus directly incorporated in this model and calibrated for each value of accumulated strain 

[215][216]. Consequently, one single set of physical-based parameters could be identified to 

capture the mechanical behavior at different strain rates. Results in Table 4-6, based on fits of the 

model to the engineering stress-strain curves in Figure 4-54d show that the thermal activation 

energy barrier (ΔFα in Joules) is higher for BCC than for FCC, which is consistent with the 

prediction that short-range barriers in BCC (Peirels barriers) play a larger role in the positive 

strain rate sensitivity of yield strength as the majority of the microstructure is BCC-based. 

Dislocation forest densities in FCC are greater than BCC, which is consistent with a prediction 

that the short range barriers contributing to the positive strain rate sensitivity of this multi-phase 

medium-Mn steel might also depend slightly on the FCC short-range barriers. 
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 Figure 4-55 shows results from a crystal plasticity finite element simulation which 

takes into account the interaction between neighboring grains (as opposed to the Taylor model). 

The stress concentration occupies the martensite phase whereas strain localization occurs mostly 

within the austenite. After further deformation, some of the austenite eventually transforms and 

locally reveals a high concentration of stress, but a low concentration of strain (since that 

particular finite element is now considered a different phase). The abrupt increase in strength 

slightly increases the strain hardening rate of the material. The dislocation activation resistance is 

elevated in the newly formed martensite. Furthermore, once transformation occurs in the 

austenite, stress localizations begin to increase in magnitude within the parent microstructure, 

ultimately causing failure. 

 Based on results from this work with a two-level finite-element model, a parametric 

analysis (see Figure 4-56) was completed to predict properties for future AHSS design, with the 

basis beginning with the medium-Mn steel investigated in this work. Physical parameters that are 

relevant for alloy design are tuned. Phase fraction (a composite effect on mechanical properties 

[36]) can be controlled experimentally by annealing temperature and annealing time [39]. 

Generally speaking, increasing the volume fraction of austenite increases overall ductility and 

decreases ultimate tensile strength of the medium-Mn steel in this work (see Figure 4-56). Grain 

size (Hall-Petch effect [213]) can be controlled experimentally by annealing temperature and 

annealing time [59]. When the martensite volume fraction is less than 29%, the grain refinement 

of austenite leads to an increase in ductility in the macroscopic material. In the dislocation-

density based model, the smaller grain size of polycrystalline austenite requires more dislocation 

activation to achieve a given magnitude of plastic strain. The grain size reduction in austenite 

results in higher deform resistance and thus the loss of ductility. The ratio of twinning to epsilon 
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martensite in austenite (strain hardening rate effect from a change in stacking fault energy [12]), 

can also be controlled experimentally by tuning the SFE with composition, but also depends on 

annealing temperature and inherently affects phase fraction [206]. 

 

Table 4-6: Resulting plastic properties from calibration of tensile curves during deformation of 

the Taylor-based model using ABAQUS. 

Parameters BCC(α,α′) HCP (ε) FCC (γ) 

ΔFα (J) 4.45x10-20 5.36x10-20 6.39x10-21 

ΔVα (m3) 7.68x10-29 4.19x10-29 6.25x10-28 

bα (μm) 2.50x10-4 2.48x10-4 2.56x10-4 

s0
α (MPa) 247 550 110 

s0
β (MPa) N/A N/A 160 

HPαβ  (MPa) 130 120 100 

k1 (m
-1) 4.29x107 1.08x1010 2.49x108 

gα 1.21x10-2 3.44x10-2 4.65x10-2 

Dα (MPa) 348 785 295 
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Figure 4-55: a) 2D EBSD scan with experimental scale bar and b/c) crystal plasticity finite 

element simulation of the fully resolved micrsotructure. The b) Von Mises stress and c) principal 

strain are shown with varying scale bars to highlight significant fluctuations in the microstructure 

(tension is applied in the horizontal direction with the left side being the stationary boundary 

condition). 

 

 
Figure 4-56: Parametric analysis of a change in volume fraction of austenite (blue triangles) and 

reduction in grain size of austenite (upside down green triangle), based on results from the 

current work on a multi-phase medium-Mn TWIP-TRIP steel, i.e. the triangles connected by an 

arrow.  have the same volume fraction, but a different grain size of austeniteThe ratio of 

twinning versus epsilon martensite was also varied (red stars) showing more twinning led to 

more elongation and decreased strength. 

 

 The finite element results from a study [141] on a Fe-6Mn-3Al-1.5Si-0.15C TWIP-

TRIP steel revealed an alternating behavior of strain localization. Mainly, the strain partitioning 

models that Latypov et al. implemented [142][143] showed that the initially softer austenite 

deformed at low levels of strain until TWIP & TRIP effects were activated, which then led to 

accommodation of strain in the ferrite phase. Due to the low strain-hardening capacity of ferrite, 

failure occurred once all strain had transitioned to ferrite. Therefore, the delay in transition from 
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the local flow stress of austenite (through TWIP & TRIP effects) to ferrite is the main 

explanation of the unusual delayed strain hardening behavior of that multi-phase steel. Latypov 

et al. concluded, with a comparison to iso-work models which don’t include initial 

microstructural inputs, that a microstructure-based model is better suited in explaining the strain-

hardening behavior of a medium-Mn TWIP-TRIP steel. Further, work by Lee et al. on a Fe-

12Mn-3Al-0.3C (wt%) TWIP+TRIP steel using a Mecking-Kocks-Estrin type constitutive model 

showed that the yield strength of austenite was lower than that of ferrite, but the strain hardening 

rate of austenite was greater and the combined TWIP and TRIP effects contributed as effective 

plasticity-enhancing mechanisms in the ultrafine constituents [55].  

 

4.4.5 Summary and Conclusions 

 

• Both heat treatments of the medium-Mn steel showed positive strain rate sensitivity of 

yield and ultimate tensile strengths from ̇ = 2x10-4 /s to ̇ = 2x102 /s. A decrease in 

annealing time (from 8 h to 0.5 h) increased the yield and ultimate tensile strengths (when 

compared at the same strain rate).  

• No significant differences in the strain-rate sensitivity of uniform elongation were noted 

for either heat treatment, whereas total elongation increased at higher strain rates. 

However, an increase in annealing time from 0.5 h to 8 h clearly increased both the UE 

and TE of the medium-Mn steel (when compared at the same strain rate) as well as PSE. 

• The final average temperature in the area of the reduced gauge length after deformation 

from ̇ = 2x10-4 /s to  ̇ = 2x101 /s is greater for the specimen annealed for 8 h compared 

to the specimen annealed for 0.5 h and is directly proportional to the numerically-
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integrated areas under the engineering stress-strain curves. Increases in austenitic SFE 

from adiabatic heating are not expected to influence the deformation mechanisms. 

• TEM results confirm the presence of mechanical twinning and hexagonal 𝜀-martensite 

after quasi-static deformation, which is consistent with the predicted RT SFE value of 21 

mJ/m2. Planar defects are observed as early as 0.08 engineering strain in the austenite and 

even after deformation to failure at the highest strain rates. 

• The two-level finite element model developed from empirical data provided key insight 

into how the multi-phase microstructure behaves at high strain rates. The Taylor-based 

model showed that the strain-rate sensitivity of the material depends on the dislocation 

forest density in austenite and thermal-activation barriers in ferrite. Crystal-plasticity 

finite-element simulations of the fully resolved microstructure shows that austenite 

accommodates most of the localized strain-induced deformation, which eventually 

transfers most of the stress to the major component of the microstructure (recovered 

martensite) and results in premature failure. 
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CHAPTER 5 

 

 

5. SUMMARY AND CONCLUSIONS 

 

 The effect of strain rate on the mechanical properties and deformation mechanisms 

of a single-phase high-Mn steel and a multi-phase medium-Mn steel was investigated by 

mechanical testing at strain rates from ̇ = 2x10-4 /s to ̇ = 2x103 /s. Servo-hydraulic tension, 

uniaxial ring expansion and Kolsky-bar testing provided the desired range of strain rates. 

Advanced imaging and diffraction-based techniques (such as HR-STEM, DF-TEM, SAED, 

CBED, XRD, EBSD and ECCI) were used to characterize deformation mechanisms in 

interrupted and pulled-to-failure tensile tests, with a focus on TWIP and TRIP effects. A high-

speed thermal camera was used to measure the increase in specimen temperature as a function of 

strain, which enabled the use of a thermodynamic model to predict the increase in SFE.  Thermal 

imaging and digital image correlation techniques were used identify strain localizations in tensile 

specimens. To further characterize the medium-Mn alloy design process, the effect of annealing 

time on microstructure evolution and austenite composition in a multi-phase medium-Mn steel 

was also examined using STEM-EDS, APT, CBED, EBSD and XRD. Finally, a two-level finite-

element model derived from empirical results was developed to help elucidate differences in 

high strain rate mechanical behavior of a multi-phase medium-Mn steel. A common philosophy 

behind this work was to use multiple techniques to quantify a given measurement. 

Complementary techniques provide different perspectives on the significance of results and 

impart further insight into the limitations of a given measurement method. 

 The significant positive yield-strength strain-rate sensitivity of the single-phase Fe-

25Mn-3Al-3Si (wt%) steel is due to an increase in flow stress that is necessary for partial 



 201 

dislocations in austenite to overcome time-dependent thermally activated short-range barriers 

during dislocation glide with increasing strain rate. For both annealing times (0.5 h and 8 h) the 

multi-phase Fe-12Mn-3Al-0.05C (wt%) steel also shows positive strain-rate sensitivity of the 

yield strength, which predominantly depends on time-dependent thermally-activated short-range 

barriers in ferrite/martensite (lattice resistances known as the Peirels barriers) since austenite is a 

minor microstructural constituent.  

 The Fe-25Mn-3Al-3Si (wt%) steel and Fe-12Mn-3Al-0.05C (wt%) steels slightly 

differ in strain-rate sensitivity of ultimate tensile strengths, mainly due to differences in adiabatic 

heating and uniform elongation. The UTS of the Fe-25Mn-3Al-3Si (wt%) steel decreases slightly 

when increasing the strain rate from ̇ = 2x10-4 /s to ̇ = 2x10-2 /s and is attributed to the onset of 

adiabatic heating, slight changes in strain hardening rate and a decrease in uniform elongation, 

meaning the adiabatic heating from large amounts of accumulated strain has enough time to 

cause a softening effect. When increasing strain rate from ̇ = 2x10-2 /s to ̇ = 2x102 /s, the UTS 

of the Fe-25Mn-3Al-3Si (wt%) steel shows a positive strain-rate sensitivity, meaning there is less 

time for adiabatic heating to assist dislocations across thermally-activated barriers, causing an 

increase in flow stress. For both annealing times, (0.5 h and 8 h), the multi-phase Fe-12Mn-3Al-

0.05C (wt%) steel shows positive UTS strain rate sensitivity, indicating that the adiabatic heating 

generated during relatively low amounts of uniform elongation (compared to high-Mn steels) 

does not allow for the onset of thermal softening and therefore the thermally-activated barriers 

dominate the flow stress. 

 A moderate decrease in uniform elongation is noted between the lowest and highest 

strain rates for the Fe-25Mn-3Al-3Si (wt%) steel. Increasing the strain rate from ̇ = 2x10-2 /s to 

̇ = 2x102 /s increased the amount of post-uniform elongation significantly. As reduction-in-area 
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measurements on the necked regions did not change significantly for the same sheet thickness in 

this range of strain rates, strain localization is the likely mechanism. This conclusion is supported 

by localized regions of higher temperatures observed in thermal imaging during tests at ̇ = 

2x101 and ̇ = 2x102 /s. The product of ultimate tensile strength and total elongation of the Fe-

25Mn-3Al-3Si (wt%) steel increases with increasing strain rate and sheet thickness. No 

significant differences in the strain-rate sensitivity of uniform elongation are noted for either heat 

treatment (0.5 h and 8 h) for the Fe-12Mn-3Al-0.05C (wt%) steel, but post-uniform elongation 

increases at higher strain rates and is again attributed to strain localizations. 

 Increasing the sheet thickness of the Fe-25Mn-3Al-3Si (wt%) steel increased the 

post-uniform elongation and thus the reduction-in-area (when compared at the same strain rate). 

However, sheet thickness does not significantly affect the magnitude of the yield strength, yield 

strength strain-rate sensitivity, or uniform elongation.  

 An increase in annealing time from 0.5 h to 8 h decreased the yield and ultimate 

tensile strengths of the Fe-12Mn-3Al-0.05C (wt%) steel when comparisons are made at the same 

strain rate and is credited to an increase in grain size of the UFG phases (the Hall-Petch effect). 

An increase in annealing time from 0.5 h to 8 h increases the UE, TE and PSE of the Fe-12Mn-

3Al-0.05C (wt%) steel (when compared at the same strain rate) which is associated with an 

increase in the volume fraction of austenite. 

 With increasing strain rate, the average temperature of the tensile specimens 

deformed to failure for the Fe-25Mn-3Al-3Si (wt%) steel increased (from 26 °C to 53 °C at  ̇ = 

10-2 /s and from 26 °C to 95 °C at ̇ = 102 /s). Adiabatic conditions were reached as early as ̇ = 

10-1 /s for the Fe-25Mn-3Al-3Si (wt%) steel. The thermodynamic model used to correlate 

specimen temperature with SFE predicts an increase from 21 mJ/m2 at room temperature (23 °C) 



 203 

to ~34 mJ/m2 at 83 C, but such increases were noted at higher levels of engineering strain (0.4 

or greater). When comparing temperature measurements at 0.18 engineering strain, increasing 

the strain rate from at  ̇ = 10-2 /s to at  ̇ = 102 /s only increased the relative temperature from 36 

°C to 44 °C. An increase in SFE of this magnitude is expected to have only a small effect on 

tensile properties. Therefore, only later levels of accumulated strain that generate large amounts 

of heat are expected to change the dominant deformation mechanism, assuming there is time for 

the heat to assist thermally-activated barriers. For the Fe-12Mn-3Al-0.05C (wt%) steel, 

increasing the strain rate only caused a maximum change in temperature of only ∆T=24 °C after 

deformation to failure, which is consistent with shorter uniform elongations than for the high-Mn 

steel. An increase in annealing time was observed to have only a small effect on the increase in 

specimen temperature during high strain-rate testing, which is expected to have only a minor 

effect on the SFE and dominant deformation mechanism in the austenite. 

 Although <110> SAED patterns may indicate the presence of only deformation 

twinning or only 𝜀 -martensite plates parallel to the beam direction in a given grain, high-

resolution imaging reveals that both types of planar defects exist in the same grain, regardless of 

the extra reflections present in the SAED patterns. These results also confirm that both types of 

secondary deformation mechanisms are possible after deformation at high strain rates. 

Deformation twinning and 𝜀-martensite are observed in tensile specimens of the Fe-25Mn-3Al-

3Si (wt%) steel interrupted from quasi-static (̇ = 2x10-4 /s) through low-dynamic (̇ = 2x102 /s) 

strain rates. ECCI and DF-TEM measurements do not reveal a statistically significant effect of 

strain rate on the thickness and spacing of mechanical twins or 𝜀-martensite plates in the Fe-

25Mn-3Al-3Si (wt%) steel. DF-TEM confirms the presence of mechanical twinning and 

hexagonal 𝜀-martensite after quasi-static deformation of the Fe-12Mn-3Al-0.05C (wt%) steel, 
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which is consistent with the predicted RT SFE value of 21 mJ/m2. However, the planar defect 

density in the UFG austenite of the multi-phase medium-Mn steel is clearly lower than that 

observed in the coarse-grained single-phase high-Mn steel and is directly proportional to the 

measured uniform elongations. 

 EBSD and TEM/CBED results reveal ultrafine ferrite grains, plus rod-like and plate-

like ultrafine austenite grains dispersed throughout the parent microstructure of tempered 

martensite in the Fe-12Mn-3Al-0.05C (wt%) steel. The low-carbon cold-rolled 𝛼′-martensite is 

inherited from the parent cold-rolled microstructure and is not fully recrystallized into ferrite and 

the measured volume fraction of reverted austenite is less than that predicted by simulations. 

STEM-EDS confirms that the austenite is enriched in Mn and depleted in Fe and Al as compared 

to the parent martensitic microstructure. An inhomogeneous distribution of UFG austenite and 

Mn-enriched austenite nuclei are observed for an annealing time of 0.5 h. The Mn content of 

austenite is equilibrated after 8 h of annealing time at 585 °C and also matches Thermo-Calc® 

predictions of composition and austenite SFE. Quantitative 3D measurements of compositions 

for all phases with APT follow trends consistent with the STEM-EDS results, (some variability 

in composition for the annealing time of 0.5 h, but equilibrated compositions after 8 h of 

annealing). The added benefit of APT (accurate carbon content measurements and improved 

spatial resolution) provides a consistent observation that both carbon-enriched and carbon-

depleted austenite boundaries are present, regardless of annealing time. Carbon is a key austenite 

stabilizer (besides Mn) and provides a high chemical driving force during austenite reversion. 

The observation of interfaces that are either enriched or depleted in carbon provides clues as to 

why reverted austenite is UFG in size for medium-Mn steels as some interfaces between 

austenite and the matrix have differing local composition and thus mobility. 
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 The two-level finite element model developed for the Fe-12Mn-3Al-0.05C (wt%) 

steel and based on empirical data provided key insights into how the multi-phase microstructure 

behaves at high strain rates and translates to changes in mechanical properties. The Taylor-based 

model, which does not consider microstructural morphology, showed that forest dislocation 

density is higher in FCC (because of short-range barriers in austenite) and that the thermal 

activation-energy barrier of ferrite (similar to a Periels barrier) was greater than that of austenite. 

Therefore, an increase in strain rate did not show a significant dependence on long-range barriers 

(athermal barriers), but rather a strong dependence on thermally-activated short-range barriers. 

When including morphology of the UFG austenite, crystal-plasticity finite-element simulations 

of the microstructure show that austenite accommodates most of the strain-induced deformation 

and premature failure occurs when stress localizes at boundaries between austenite and 

ferrite/martensite.  
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CHAPTER 6 

 

 

6. FUTURE WORK 

  

 Mechanical properties of Fe-Mn-Al-Si austenitic steels depend on temperature and 

composition, so alloy design requires accurate predictions of SFE since this parameter is 

dependent on temperature and composition and controls the deformation mechanisms [100]. 

Traditionally, thermodynamic descriptions do not consider the stacking fault character and use 

constant values for FCC/HCP interfacial and strain-energy parameters because the variation with 

respect to temperature isn’t well understood. In reality, the interfacial energy likely decreases 

with increasing temperature [102]. The FCC Néel temperature was calculated as 282 K for the 

Fe-25Mn-3Al-3Si steel [23], meaning all magnetism above room temperature (approximately 

298 K) is described as paramagnetic (PM). This is an important point because SFE has been 

shown to depend on magnetic contributions, in addition to the already described chemical and 

interfacial contributions [68]. Unlike most austenitic steels, Fe-Mn based alloys undergo an anti-

ferromagnetic (AFM) to PM transition at Néel temperatures above 200K [60]. The future work 

on Fe-Mn-Al-Si steels should include detailed microstructural characterization at temperatures 

below the Néel temperature as well as temperatures above RT to investigate changes in 

deformation mechanisms. Possible findings could include the absence of planar defects when 

deformed at higher temperatures. These findings would help decipher how planar defects and 

dislocations contribute to plasticity for a given temperature and magnetic state. Differences in 

planar defect content and strain hardening rate likely depend on the critical stress to initiate 

mechanical twinning [77]. This type of future work at high temperatures will aid in design of 

hot-forming/hot-pressing processes used in automotive stamping. 
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 For medium-Mn steels, future work could focus on investigating how the 3D 

morphology of each microstructural constituent accommodates stress and strain, which could be 

investigated with 3D-EBSD and 3D-CPFE. Comparing the austenite stability of the same bulk 

steel composition intercritically annealed at the same temperature and time would be interesting 

for two extreme differences in cold rolling reductions (10% vs 90% for example) because hot-

rolled vs. cold-rolled samples tend to produce completely different yielding and strain hardening 

behavior.  Also, in-situ tensile testing and digital image correlation in an SEM (including EBSD 

scans at interrupted strains) could give more insight into how Schmid factors of a given phase 

contribute to the strain partitioning and overall plasticity of the multi-phase microstructure. FIB 

liftouts of deformed areas with known orientations could help confirm the effect of Schmid 

factor on the activity of mechanical twinning and transformation within a given ultrafine 

austenite grain. These types of in-situ analysis could be useful to the modeling community since 

transformation rates and twin fractions are typically calibrated between upper and lower bounds 

provided by other empirical measurements of the microstructure. 
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APPENDIX 

 

A. Ringing at High Strain Rates 
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Figure A-1: Raw data of engineering stress (MPa) vs. engineering strain for the Fe-25Mn-3Al-

3Si alloy when pulled to failure at strain rates of ̇ = 2x10-4 /s, ̇ = 2x10-2 /s, ̇ = 2x100 /s, ̇ = 

2x101 /s and ̇ = 2x102 /s, based on: a) 12 specimens from the 0.95 mm thick sheet and b) 4 

specimens from the 1.15 mm thick sheet. 
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Figure A-2: Raw data of load (N) vs. time (s) for the Fe-25Mn-3Al-3Si alloy when pulled to 

failure at a strain rate of ̇ = 2x102 /s using servo-hydraulic tension. Elastic strain gauges were 

attached on each side of the grip section. The load data from both strain gauges are averaged to 

reduce the amplitude of load oscillations. This tensile specimen was machined from the 1.15 mm 

thick sheet. 
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Figure A-3: Raw engineering stress (MPa) vs. engineering strain for the Fe-25Mn-3Al-3Si alloy 

when pulled to failure at a strain rate of ̇ = 2x102 /s using servo-hydraulic tension. This data 

reduction method is based on a moving average with MATLAB®, (three iterations of 

smoothing), and spline fitting of the linear-elastic region and necking-fracture regions with 

GrapherTM software. This tensile specimen was machined from the 1.15 mm thick sheet. 
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Figure A-4: A comparison of the raw load-washer data to the hardware and software-based 

smoothing methods, respectively presented in Figure A-2 and Figure A-3. A first attempt was 

made to measure load directly on the specimen grip with just one Vishay CEA-06-125UN-120 

strain gauge [153] [168]. However, the load data from the grip strain gauge also exhibited large 

oscillations instead of a smooth load-versus-time curve, which is why other methods were 

investigated: two elastic gauges and the use of software-based smoothing. 
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Figure A-5: Stresses calculated from each elastic strain gauge (SG) in the high-rate tests with the 

medium-Mn steel. SG1 faces the DIC cameras.  



 214 

 

B. MIPAR Algorithms to Quantify Planar Defects 

 

 
Figure B-1: Imaging techniques for SEM-based methods used to evaluate the spacing and 

thickness of planar defects in interrupted samples. a) EBSD survey, b) low magnification check 

for channeling contrast on properly oriented grains c) medium magnification ECCI scan of the 

grain circled in a) and b), then d) image processing. 
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Figure B-2: Imaging techniques for TEM-based methods used to evaluate the spacing and 

thickness of planar defects in interrupted samples. a) BF-TEM survey, b) CBED survey, c) 

SAED selection of appropriate reflections (in this case twinning), d) DF-TEM imaging and e) 

image processing. 
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C. Thermal Imaging, Thermal Analysis and Fracture Surfaces 

 

 
Figure C-1: Thermal images recorded at 200 fps by a calibrated infrared camera as a function of 

strain, with indicated time stamps corresponding to a ̇ = 2x102 /s test. The arrows indicate 

localized hot-spots (multiple necking initiation points) with the left-most being the eventual 

fracture surface. 
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Figure C-2: SEM fracture surface images of the Fe-25Mn-3Al-3Si alloy (0.95 mm thick plate) 

pulled to failure at a) ̇ = 2x102 /s, b) ̇ = 2x101 /s and c) ̇ = 2x10-2 /s. All fracture surfaces 

showed evidence of considerable coalescence of micro-voids. 

 

 
Figure C-3: SEM fracture surface images of the Fe-25Mn-3Al-3Si alloy (1.15 mm thick plate) 

pulled to failure at a) ̇ = 2x102 /s, b) ̇ = 2x10-2 /s and c) ̇ = 2x10-4 /s. All fracture surfaces 

showed characteristics of extensive micro-void coalescence. 
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D. Medium-Mn Alloy Design Process 

 
Figure D-1: Optical micrographs of the cold-rolled microstructure Fe-12Mn-3Al-0.05C (wt%) 

steel, after etching with 10% nital. The rolling direction is in the vertical direction. 

 

 
Figure D-2: Thermo-Calc® predictions of austenite composition of a) Mn b) Al and c) C, based 

on an FCC lattice, plotted as a function of intercritical annealing temperature for an alloy with a 

nominal bulk composition of Fe-12Mn-3Al-0.05C (weight %). 
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Figure D-3: Backscatter electron images of the Fe-12Mn-3Al-0.05C (wt%) steel, after annealing 

for a) 0.5 h and b) 8 h shows an increase in content of a dark ultrafine-grained phase (austenite). 

 

 
Figure D-4: Backscatter electron image of the Fe-12Mn-3Al-0.05C (wt%) steel annealed for 0.5 

h and etched with 10% nital. Austenite can nucleate on prior austenite grain boundaries (solid 

green arrows) or parent martensite-lath boundaries (dashed blue arrows). 
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Figure D-5: Backscatter electron images of the Fe-12Mn-3Al-0.05C (wt%) steel annealed for 0.5 

h and etched with 10% nital. a) and b) are medium magnification views showing that the nital 

etched the UFG phase. High-mag views in c) and d) of the UFG austenite (dark arrows). Other 

fine particles (white arrows) are also observed in close proximity to the revereted austenite, 

which were not etched away. 

 



 221 

 
Figure D-6: BF-TEM images of the Fe-12Mn-3Al-0.05C (wt%) steel annealed for 0.5 h and 

electropolished. Black arrows indicate austenite that is preferentially electropolished. White 

arrows in a) are shown at higher magnification in b) and reveal particles that were not 

preferentially electropolished. 

 

 
Figure D-7: STEM-EDS scans of the sample in Figure D-6. A) HAADF image and hypermaps of 

composition in wt% plotted for b) Fe, c) Mn, d) Al, and e) C show some of the particles are 

extremely rich in Mn and C as compared to other particles. 
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Figure D-8: Fe-12Mn-3Al-0.05C (wt%) annealed for 48 h at 585 °C. EBSD maps with a) image 

quality, phase and grain boundaries, b) image quality and ferrite/martensite IPF and c) image 

quality and austenite IPF. 
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E.  Measurements of Lattice Constants in High-Mn Steels at Low and High Temperatures 

 

 X-ray diffraction experiments were conducted at Oak Ridge National Lab (ORNL) 

to study the effect of temperature on lattice constants for Fe-22/25/28Mn-3Al-3Si alloys. These 

results allowed for a computational collaboration at the MPIE to determine the effect of 

temperature on stacking fault energy. The temperature-dependent XRD patterns were collected 

using an X-ray diffractometer (PANAlytical X’Pert MPD Pro) with Cu Kα radiation (λKα1 = 

1.54060 and λKα2 = 1.54443 Å), equipped with an Anton Paar XRK-900 heating stage and 

Oxford PheniX Cryogenic Stage. Prior to XRD measurements at each temperature, 3 minutes of 

waiting time was set for temperature equilibration. The 2 step size and scan rate for each 

measurement were 0.0167113° and 0.107815 °/s, respectively. The XRD measurements using 

the heating stage were performed in an Ar environment, while those in the cryogenic stage were 

under vacuum. 

 XRD was performed to measure austenite lattice constants for three alloys (Fe-

22/25/28Mn-3Al-3Si) from temperatures of 27 K to 998 K. As seen in room temperature XRD 

measurements in Figure E-1, increasing Mn-content decreases the two-theta diffraction angle of 

austenite (increases austenite lattice constant, based on Braggs’ law). Figure E-2 shows that as 

temperature and Mn-content increases, the austenite lattice constant increases. This is due to 

thermal expansion and an increased austenite stability from alloying. Specific to automotive 

application environments, an increase in temperature from 298 to 473 Kelvin increases the 

austenite lattice constant of the Fe-25Mn-3Al-3Si alloy from 3.617 to 3.628 Å. Thermal 

expansion coefficients for each fully austenitic alloy (shown in Table E-1) were calculated using 

the quotient of each alloy’s linear slope (provided in Table E-1) and the room temperature lattice 
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constant (see equation E-1). Andres et al. [217][218] measured the coefficient of thermal 

expansion for a Fe-0.76C-0.24Si-0.91Mn-0.013P (wt. %) steel to be 2.065 x 10-5 K-1. In this 

work, the thermal expansion coefficient of the 28Mn and 25Mn alloys are respectively 2.169*10-

5 K-1 and 2.168x10-5 K-1. The 28 and 25Mn alloys are also both TWIP-dominated at room 

temperature, while the 22Mn alloy is TRIP-dominated at room temperature and has a slightly 

lower thermal expansion coefficient (2.155x10-5 K-1). 

 

 
Figure E-1: XRD measurements of Fe-22/25/28Mn-3Al-3Si alloys, acquired at 298 K, with the 

first five allowable austenite reflections labeled. A (220) austenite inset is provided to illustrate 

the effect of Mn-content on the shift in diffraction angle and thus change in austenite lattice 

constant. 
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Figure E-2: Austenite lattice constants, calculated based on XRD measurements of Fe-

22/25/28Mn-3Al-3Si alloys, plotted as a function of temperature (heating in Ar atmosphere and 

cooling under vacuum). 298 K and above linear fits yield thermal expansion coefficients. 

 

 

    𝛼𝐿 =
1

𝐿

𝑑𝐿

𝑑𝑇
       (equation E-1) 

 

Table E-1: Thermal expansion coefficients calculated for Fe-22/25/28Mn-3Al-3Si (wt. %) alloys 

 Fe-28Mn-3Al-3Si Fe-25Mn-3Al-3Si Fe-22Mn-3Al-3Si 

Slope of linear fit  

in Figure E-2 

0.0000785 ÅK-1 

(R2 = 0.996) 

0.0000784 ÅK-1 

(R2 = 0.997) 

0.0000779 ÅK-1 

(R2 = 0.997) 

austenite lattice 

constant at Troom 
3.620 Å ± 0.001 3.617 Å ± 0.001 3.615 Å ± 0.001 

thermal expansion 

coefficient (𝛼𝐿) 
2.169x10-5 K-1 2.168x10-5 K-1 2.155x10-5 K-1 
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